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Binder jet 3D printing (BJ3DP), a non-beam based, additive manufacturing (AM) method, 
refers to the technology in which powdered material is deposited layer-by-layer and selectively 
joined in each layer with binder and then densified through sintering or infiltration. Binder jetting 
of metals holds distinctive promise among AM technologies due to its fast, low-cost 
manufacturing; stress-free structures with complex internal and external geometries; and the 
isotropic properties of the final parts. Also, by taking advantage of traditional powder metallurgy, 
BJ3DP machines can produce prototypes of metal parts in which material properties and surface 
finish are similar to those achieved with metal injection molding or traditional powder metallurgy. 
Therefore, a comprehensive overview of the fundamental science of metallurgical structure after 
sintering and post heat-treatment steps are provided in this work to understand the microstructural 
evolution and properties of BJ3DP parts. Further, to determine the effects of the BJ3DP process 
on metallurgical properties, an empirical framework to describe the role of particle size, 
morphology and powder size distribution, and sintering followed by a post heat-treatment is 
discussed. With the growth of AM and the need for post-processing in BJ3DP parts, an 
understanding of the microstructural evolution is necessary, and in this work sintering steps and 
mechanisms are explained and aligned with the BJ3DP process.  
Nickel-based alloy 625 was BJ3DP from water- and gas-atomized powders for a detailed 
comparative study on densification behavior, microstructural evolution and mechanical properties 
 v 
in terms of hardness, tensile strength and fatigue life. Then, gas-atomized alloy 625 powders of 
three different powder size distributions were printed and sintered in order to extend existing 
knowledge of sintering of alloy 625 to binder jetted parts. Sintering was evaluated in the context 
of microstructural evolution, using grain and pore intercept length, pore separation, surface area 
per unit volume and number of pore sections per unit area. The results suggest that particle size 
distribution is a determining factor for densification kinetic and final microstructure, if printing 
parameters such as layer thickness, binder saturation and drying time are similar. 
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1.0  INTRODUCTION  
In recent decades, there are significant attention to the production of parts with complex 
geometry from different types of materials such as high temperature alloys, high entropy alloys, 
biomaterials, shape memory alloys, structural materials and ceramic. Over the years, several 
common processing steps for manufacturing with subsequent post processing are developed.  
Casting technique is one of the common conventional methods for producing 
polycrystalline materials and/or single-crystal made from nickel-based, chromium-based, and 
stainless steel. In this technique, pre-alloyed or pure materials are melted at high temperature which 
may result in an increase in the impurity level (e.g., carbon, oxygen), and segregation during 
solidification affecting properties of the final product. In structural and high temperature alloys, 
corrosion resistance and mechanical properties might be affected by segregation and composition 
gradient in the alloy. Additionally, localized corrosion attack can be due to composition variation 
leading to the galvanic cell formation and selective corrosion of an element and/or alloy. In shape 
memory and magnetic shape memory alloys, crystal structure as well as secondary phases 
formation influence phase transformation temperature and twin boundary motion [1,2]. Besides, 
machinability is the other challenge for different types of materials such as high strength stainless 
steel and nickel-based alloys 625 and 718, magnetic shape memory materials (showing brittle 
nature due to the formation of intermetallic composition), super-ductile alloys (e.g. nitinol) which 
results in excessive tool wear [3]. 
 2 
Powder metallurgy (PM) and metal injection molding (MIM) are other conventional 
techniques used for producing near-net-shape parts. Powder preparation and feedstock preparation 
are required steps prior to PM and MIM processing, respectively. One of the main drawbacks of 
PM method is the high impurity pick-up resulted from the large surface area of the powder 
particles. In MIM technique, considerable amount of polymer is mixed with the metal powder, 
therefore de-binding and burn-out steps are required to remove polymer; however, carbon and 
oxygen residue on the powder surface may lead to prior particle boundary (PPB) formations [4]. 
In fact, surface oxides on the powder as well as the presence of carbon in the used polymer at 
particle surfaces are preferential nucleation sites for carbides. Moreover, these techniques are 
limited in the producing complex components and controlling the size and shape of porosity [5]. 
Thus, traditional manufacturing of metallic material components from castings, powder 
metallurgy and thermomechanical processing methods includes extensive effort in terms of post 
processing and machining to achieve final product with the desired geometry. During past decades, 
additive manufacturing has attracted attention for processing of different materials since AM 
techniques have circumvented many of the challenges associated with the conventional methods. 
AM technologies, also known as 3D printing, is a process of selectively adding material, usually 
layer upon layer, to create an object from three-dimensional (3D) model data in contrast to 
traditional subtractive manufacturing, which creates a considerable amount of waste. AM provides 
the possibility of directly manufacturing parts with internal and external complexity designs, with 
limited material and chemical waste, superior control of part size and shape, and rapid prototype 
creation from various materials such as metal, polymer, ceramic, sand and glass [6,7]. Other 
advantages of AM are a lower number of required parts for complex design solutions and rapid 
creation of product prototypes and design iterations, which results in a faster market introduction 
 3 
[6]. Besides, there is no specific tooling required to make the AM part while forging, casting and 
even highly complex machining components all require some form of tooling to be made to 
produce the parts. Therefore, timing and costs can be cut down since tooling does not need to be 
designed, produced and delivered. 
Generally, AM techniques can be divided into two categories including (1) fusion based 
methods such as direct energy deposition (DED), selective laser melting (SLM), electron beam 
melting (EBM) and direct metal laser sintering (DMLS), and (2) non-beam based methods such as 
binder jet 3D printing (BJ3DP) and hybrid additive manufacturing system integrating binder 
jetting and material extrusion [8]. Post-processing may include light machining of support 
material, surface finishing, sintering, and infiltration depending on the 3D printing methods [9]. In 
contrast to the conventional cast and injection molding techniques of material processing, in AM, 
there are limited options to modify microstructures after manufacture, mostly because products are 
fabricated to near-net shape; however, post heat-treatment may alter microstructure and properties. 
While there is extensive literature on the use of fusion based AM technologies (e.g. melting 
and solidification) on structural [9], biomaterial [10], functional materials [3] and microfabrication 
[11], there has been limited research on the use of binder jetting, especially published works have 
mainly presented microstructure and density studies rather than characterization of properties such 
as mechanical, thermal and magnetic behavior. The BJ3DP of metallic component has its origins 
in metal powder technology, sintering and prototyping [12]. Successful understanding of a specific 
BJ3DP process includes the printing process as well as the formulation of an appropriate 
combination of a powder and binder material system along with process details for printing and 
post-processing to attain final parts with desired mechanical properties. The existing knowledge 
base in these technologies is useful, however, it may not address many of the important features 
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of BJ3DP including (1) powder characteristics control and qualification, (2) binder strength, 
stability and burnout characteristics and (3) correlation of sintering kinetics to complex geometries. 
It is important to keep in mind that creating a specific instantiation of BJ3DP with a new material 
combination requires a number of steps such as (1) Powder formulation and characteristics, (2) 
binder selection and its deposition method, (3) liquid binder formulation, it compatibility with 
printing and powder, (4) specification of printing process parameters (e.g. printing speed, layer 
thickness, drying time, roller speed etc.), and (5) specification of post-processing procedures (e.g. 
sintering, infiltration, post heat-treatment, surface finish etc.). Although the many decades of 
research efforts have resulted in a relatively mature knowledge base of powder metallurgy and 
sintering, the path forward for the research and development of BJ3DP of metallic materials is 
going to be a long road. The journey has already begun with a growing interest for research, 
particularly of structural metallic materials, biocompatible, composite and functional materials. 
Compared to other AM methods, BJ3DP is relatively new and rapidly evolving, a periodic 
assessment of our understanding is vital and here we seek to fulfill this need. With a resolution 
similar to or better than most of the rapid prototyping systems, binder jetting also provides a 
distinctive opportunity to take advantage of earlier works in other fields and adapt them 
successfully. In general, the pre- and post-processing steps of an adapted powder-based method 
may remain similar, however, BJ3DP can be used to fabricate shapes with complexity that are 
difficult or impossible to be created by traditional means.  
The thermal post-processing steps (e.g. sintering and/or infiltration) for ceramics and 
metals are similar to those in traditional powder metallurgy methods and do not need the 
potentially extensive laser optimization experimentations as required for selective laser sintering 
(SLS) [13] and selective laser melting (SLM) [14]. Compared to fusion based methods, BJ3DP 
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systems usually cost significantly less than other AM systems that can produce metallic parts. In 
addition to the AM machine cost, operating costs are lower and numerous parts can be binder jetted 
in one run. Another benefit of a binder jetting system is the operation at ambient temperature 
without controlling atmosphere during production. Compared to the fusion based AM methods 
that have restrictive built size, binder jetting is capable of 3D printing parts of any applicable size. 
However, BJ3DP is usually unable to process ultra-fine and loosely packed powders since ultra-
fine powders are difficult to spread owing to low flowability and potential powder agglomeration 
due to humidity, creating defects in the green parts. As a drawback of the binder jetting method, 
one may point out that the printed parts require post processing and typically have considerable 
porosity. However, it is worth mentioning that this feature is unique in additive manufacturing due 
to controlling the porosity and microstructure of the post-processed part based on the application. 
Finally, many different types of powder (polymers, metals and ceramics) can be binder jetted since 
BJ3DP is a non-thermal process in which the issues surrounding cracking, over-heating, 
segregation etc. such as those seen in fusion based AM methods are not present. In Figure 1, 
examples of binder jetted parts with different materials and then sintered or infiltrated to attain 
near-full density are shown.  
A detailed review on the binder jetting of different materials is conducted, particularly on 
the printing process, structure, post-printing processes followed by characterization of the final 
products. Binder jetting is explained in details and design psychology for 3D printing is addressed. 
The mature knowledge based of powder characteristics, Powder/binder interaction during printing 
process, sintering and metallurgy can provide powerful synergistic benefit for deeper scientific 
understanding of BJ3DP. Further-Existing knowledge on sintering process has been extended to 
binder jet 3D printing in which solid-state sintering, liquid-phase sintering and super solidus 
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liquid-phase sintering conditions are applied on the BJ3DP components to produce parts with 
relative densities from porous (~45%) to near-full density (~99%). This review emphasizes on the 
understanding of binder jetting additive manufacturing and its future capability in the production 
of complex parts. It is hoped to be helpful to comprehend the current state of the technology, the 
gaps in scientific work and the research needs most beneficial for the advancement and expansion 





Figure 1. Parts produced by Binder Jet 3D-Printing: a) turbine component, 420 stainless steel infiltrated with bronze 
(design: Airbus Deutschland GmbH); b) mold insert from X190CrVMo20 tool steel, green part (l.) and sintered to full 




2.0  BACKGROUND  
 BINDER JET 3D PRINTING 
Additive manufacturing (AM) describes a set of new manufacturing methods, processes 
and technologies that produce parts through material addition, in contrast to the established 
traditional subtractive manufacturing methods. Design and printing of complex geometries, waste 
elimination and recycling of the used materials are merits of AM technology [16]. Rapid 
prototyping is the most extensive use of AM principles, by fabricating of models and prototypes 
for concept assessment as well as functional testing of new products. In general, AM uses 
computer-aided design and manufacturing (CAD/CAM) to facilitate the build-up of materials.  
Therefore, the main advantage of rapid prototyping includes 3D printing allows accurate, one-time 
fabrication of complex structures of various materials with properties that are highly desirable in 
many applications including personalized medical and dental applications with tailoring of parts 
to each patient [17] and aerospace components [18].  
Binder jetting (one of the AM classes based on ASTM standard), also referred to as binder 
jet 3D printing (BJ3DP), is an AM method in which metal powder or sand is deposited layer-by-
layer and selectively joined in each layer with binder, a polymeric liquid [19]. BJ3DP, also known 
as powder bed binder jet printing and 3D printing, was initially developed at the Massachusetts 
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Institute of Technology and patented in 1993 [20]. Compared to fusion-based AM methods, binder 
jetting has received less attention in industry and the research community.  
To form the 3D green parts, the following steps are performed [21]: 
(i) A 3D CAD file is sliced into layers, and an STL file is generated and used as BJP input. 
(ii) During BJP, each layer begins with a thin distribution of powder over the surface of a powder 
bed. Then, a roller compacts and smoothens the new layer.  
A 3D printer can be separated into four parts as follows: 
 Feed stage that provides dry powder or slurry for powder feeding and indicates deposited 
layers with smooth surface and uniform thickness. In wet powder binder jetting, mixture 
of a solid and liquid is used to form a homogeneous slurry [22,23]. 
 Leveling roller is required after formation of a homogenous powder packing or slurry 
forming on the powder bed. Leveling rollers are used to feed the powder from the feed 
stage to the build stage. Based on the 3D printer and applications, different leveling rollers 
are available. There are two main methods for spreading the new layer, including traversing 
counter-rotating roller is the most common one that roller rotates the opposite direction to 
the traversing direction and feeds new layers from the powder bed without disturbing the 
previous layers. Typically, a piston that supports the powder bed lowers the part-in-
progress so that a roller spreads powder from the powder supply, as in the X1 Lab printer 
[24]. The other type of the leveling roller can be a recoater that spreads powder from the 
powder supply using oscillation, and then a traversing counter-rotating roller swipes the 
extra powder to smoothen powder be, as in the ExOne M-Flex printer [25]. Schematic of 
two types of binder jet 3D printers is shown in Figure 2.  
 Build stage is the area that the powder bed is ready for printing step. 
 9 
 Binder jetting head (printhead) that sprays binder on which the part is forming. 
(iii) A binder is jetted onto the powder layer via ink-jet cartridges and selectively joins powder 
particles where the object is to be formed. A water- or solvent-binder can be used during 
printing the green part. The volume of the sprayed binder is defined by the binder saturation 
parameter as an input parameter based on the estimation of powder packing density. The 
binder saturation, S, is expressed as S = Vbinder/Vair where Vbinder is the volume of binder and 
Vair is the volume of open spaces i.e. pores in the powder bed [26]. Based on an estimate of 
the powder bed density, binder saturation is calculated and used as an input by the user.  
(iv) After printing each layer, the build stage in the built box goes down for the next layer of 
printing. During printing step, binder saturation level denotes the ratio of binder to bed 
volume. This parameter basically depends on the droplet spacing and size, bed packing 
density and layer thickness [14]. If the binder saturation level is too high, it might result in 
excess powder binding causing heterogeneous and uneven surface on the build bed; however, 
a low saturation level may lead to insufficient binder penetration into the powder and 
delamination happens. Drying time after printing of each layer is an important factor, in which 
enough drying time is required to let binder fully bound with powder to avoid cracking of the 
powder bed or agglomeration and sticking of powder on the roller’s surface during printing. 
Finally, the preferred layer thickness is at least three times that of the powder particle size. 
(v) After printing step, the green part is then heated in an oven at about 200 °C (depending on the 
used binder) to cure the binder and increase strength of the BJ3DP part [27]. The binder is 
cured to hold the powder together to fabricate the component, however, the product is still 
fragile at this step and needs densification. Watters et al. proposed a protocol for improved 
strength of binder-jetted 3D printed parts [28].  
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(vi) To get the 3D parts after curing step, the excess powder should be removed from the part. 
Depowderization is conducted on the cured parts to remove extra powder and then the BJ3DP 
metal powder part follows debounding and sintering for densification. Processing steps are 
summarized in Figure 2. Some green parts or even partially sintered products are infiltrated 
with a second material to further improve mechanical properties. Infiltration of the 3D printed 
parts can be divided into processes including low-temperature (for low temperature materials 





Figure 2. Schematic of binder jet 3D printing machine with two types of powder feeding techniques, (left) powders 
are supplied using a hopper and with oscillation, powders are spread on the powder bed and powder compaction is 
achieved using a roller (e.g. in the M-Flex ExOne printer) and (right) there is a powder supply as a feeder in which a 





Printing ceramic and polymer with binder or ink jetting may seem similar in terms of the 
printing process, however, densification and consolidation will be quite different [29,30]. With 
regards to ceramics, due to the high melting point of the printed part, necking among powder may 
happen and high density should be achieved by infiltration. With regards to polymers, 
polymerization happens after each layer printing by applying UV light. In some cases, the BJ3DP 
parts are infiltrated with copper, bronze etc. to achieve higher density. Since the powder does not 
melt during printing, the density after printing is about 50%. Densification is achieved in different 
ways such as infiltration (using bronze) [31] or sintering [26,32] and hot isostatic pressing [27]. 
Therefore, the fundamental steps in printing of different materials with binder jetting are similar 
while post processing for densification are very different.  
Important features of the AM processes are maximum size of the component that can be 
fabricated, their production times, ability to produce complex parts and the product qualities such 
as dimensional accuracy and defects of the final product. In fusion based AM processes, a build 
plate is added to the part to get stability during printing processes, and therefore requiring more 
time and material; while in BJ3DP, the part is supported by loose powders in the job box. 
Additionally, no support structure is required for any part geometry produced by BJ3DP while 
other AM methods basically need support structure if there are overhanging features. In fact, binder 
jetting is a powder bed technique. Unlike fusion AM processes in which heat source is required to 
create part leading to residual stresses in the final product, there is no employed heat during the 
build process in BJ3DP of material. In powder based AM processes, the production time is high 
due to the limitations of powder feeding rate, scanning speed and low layer thickness. However, 
large parts can be produced using binder jetting and is often more cost effective than other additive 
manufacturing methods. Besides, products with wide variety of shape, size and thickness can be 
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fabricated. Compared to the fusion based AM techniques, various densities with controlled 
porosity in terms of shape and size are achievable using binder jetting based on the sintering 
temperature and holding time [33,34]. Additionally, BJP parts do not have thermally-induced 
stresses and distortions due to large thermal gradients and binder jetting has no difficulties building 
overhanging structures [35]. Therefore, BJ3DP can be a potential method to attain controlled 
microstructure regardless of the parts dimensions. The main companies that produce commercial 
binder jetted 3DP machines is a follow: (1) ProMetal, a division of ExOne Company (Irwin, PA), 
has a sand-based metal casting system as well as metal-based material systems, including nickel-
based alloys, stainless steels, bronze, and high noble gold, (2) Voxeljet Technology (Augsburg, 
Germany) has a sand-based system for metal casting and a PMMA-based system for plastic parts, 
(3) Z-Corporation Company (Burlington, MA) also has a sand-based system for metal casting as 
well as systems for composite or elastomeric parts. The lack of readily available material systems 
as well as size of the products can be two main challenges and motivating factors for the creation 
of new material systems and 3DP machines. As a well-known group in utilization of BJ3DP 
technique, ExOne Company (digital part materialization) manufactures wide range of binder jet 
3D printers for different applications with built volume and speed from 160×65×65 mm3  and 30 
s/layer (Innovent printer) to 1800×1000×700 mm3 and 60-85 L/h (S-Max printer) [36]. Therefore, 
binder jetting is a scalable technology as it does not require an enclosed chamber and features high 
throughput enabled by the inkjet printing technology [37]. 
During BJ3DP process, defects may show up due to powder features incorporated with 
improperly chosen printing parameters. The cavity-type layering defects, which come together 
with powder failure, indicates that the powder on the top surface are peeled from the smooth 
powder-layer surface along with the free flow of powder particles, leaving hollows on the powder 
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bed surface. Moreover, part shifting is considered as another main type of layering defects in which 
undesirable part dragging happens within the powder bed and layer location was slightly altered 
within each layer. Many researches have studied the influence of powder and printing processes 
effects on the BJ3DP parts, such as the effect of particle sizes [38]; layer thickness and binder 
saturation [39], layer thickness and printing direction [40], and the effect of printing parameters 
on the layering defects formation is investigated in [41]. 
 DESIGN PHILOSOPHY FOR BINDER JET 3D PRINTING 
Due to limited published work on the BJ3DP from metallic powder, it is important to be 
aware of a pathway to fabricated product and conduct in-depth investigations on the effects of each 
parameter on the final material quality i.e. ease of depositing green part, porosity, and 
microstructure of the final part. One may consider the following steps and variables in fabrication 
of near-net shaped parts using BJ3DP: 
 Designing the part 
Generally, binder jetting is capable of printing almost any geometry from any type of 
powder (polymer, ceramic, metal etc.) by depositing the binder selectively on the powder bed. One 
limitation in any powder bed AM technique is that after printing the part is with internal channels, 
the part geometry should involve at least one outlet to remove the loose powder particles from the 
hollow surfaces. The powder can be extracted and recovered as long as the outlet size is three times 
that of the powder diameter [26]. Additionally, nozzles of the printhead and binder saturation may 
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affect this limitation. Nandwana et al. reported that powder recovery from an outlet smaller than 
200 µm is extremely difficult even if the outlet is larger than the powder.  
 Powder type and chemistry 
The materials used in BJ3DP fall into two main categories including (1) material powder 
that makes up the bulk of the green part and basically remains after the sintering process, (2) 
powder binder made from a solid-state binding agent that is mixed with the material powder. The 
binder powder composes a small portion of the green part, in the range of the 1-4 wt%. These 
powders fit into the interstitial spaces between the material powder particles and enhance the green 
part strength while the green part density decreases leading to the higher shrinkage after sintering 
step. Powder chemistry indicates how the thermodynamics of solidus and liquidus curves of a 
material may change and the knowledge of powder feedstock chemistry, particularly trace 
elements such as S, B, C, Zr in Fe- and Ni-alloys known to lower the melting point, is important 
in choosing appropriate sintering process [42–44].  
Two commonly used atomization techniques to produce metal powder are (1) gas atomization 
(GA), which results in spherical particles and high packing density and (2) water atomization 
(WA), which yields irregular particles that have better shape retention ability and lower cost 
[45,46]. It is known that powder characteristics, e.g. morphology and size, directly affect 
processing parameters in powder metallurgy technology such as injection molding [47–49] or in 
various additive manufacturing technology including selective laser melting [50,51] and binder jet 
printing [52]. Atomization leads to different shapes, sizes and morphologies of powder particles 
which affect powder properties and utilization. Porosity also varies due to differing atomization, 
this is important to quantify as it can be used to predict internal defects and final part quality [53]. 
Therefore, utilization of powders with similar characteristics between different batches are crucial.  
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 Powder size distribution (PSD) and morphology 
Powders produced from different atomization techniques will be inclined to vary in terms 
of their morphology, particle size and powder size distribution (see Figure 3A) which affects the 
packing density and flow properties of the feedstock. Generally, highly spherical particles are often 
desired in the powder bed AM processed since particle shapes that conform towards unity can 
gradually enhance both its powder packing density and rheology performance as shown in Figure 
3B. While powder morphology reveals the visual structure of powder particles, the powder size 
distribution (PSD) is commonly used to quantify particle sizes in terms of volume composition. 
The powder size distribution is an important parameter in AM technology affecting flowability 
and deposition of the part to post processing via sintering. It also determines the packing fraction 
of the powders and consequently the binder saturation levels, the surface finish of the green and 
final part, and influences layer thickness. Various methods can be used to determine the powder 
size distribution such as optical or electron microscopies [43], laser microtrac particle size analyzer 
[54], sieving and micro-computed tomography technique [55]. Many commercial feedstocks used 
for the powder bed techniques follow a Gaussian distribution although the addition or removal of 
powder particles through mixing and sieving operations could substantially affect the behavior of 
the distribution curve resulting in other model variants as shown in Figure 3C.  
In normal distributions (also known as Gaussian), the mode, mean and median coincides 
at a single central tendency of the curve; however, the negatively and positively skewed 
distributions are asymmetrical as a result of higher fractions in coarse and fine particles, 
respectively. Besides, it is possible to have multimodal distributions exhibiting two or more 
distinct peaks at discrete particle sizes which show the respective modes of the distribution. As 
shown in Figure 3D, PSD results are usually presented in a differential curve to distinguish the 
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mode, mean and median particle sizes of the feedstock and a cumulative graph which identifies 
the volume content in terms of size gauges (D10, D50 and D90) [56–58]. Typically, PSD influences 
packing behaviors which affect shrinkage and densification of forming parts in conventional 
sintering processes. While features on a size distribution curve provide qualitative indications of 
the overall powder behavior, various techniques such as sieving, laser diffraction and dynamic 
image analysis are required to characterize the volume of measured particle sizes through shape 
detection and size screening procedures. In a study by Mostafaei et al. [54], water and gas atomized 
alloy 625 powders were characterized with different techniques such as morphology, shape and 
size using optical microscopy, scanning electron microscopy, laser particle size analyzer, sieving, 
and micro-computed X-ray tomography (μCT) with different resolution and sample setup. Besides, 
powders porosity was studies by cross-sectional observation to determine internal porosity to 
understand the differences between conventional destructive techniques compared to μCT.  
Spherical powder particles are preferred due to better flowability and lower friction than 
faceted or anisotropic powders [59]. Decost et al. developed computer vision and machine learning 
for autonomous characterization of AM powder feedstocks [60]. It was shown how feature 
detection and description algorithms were applied to create a microstructural scale image 
representation that could be used to cluster, compare, and analyze powder micrographs. Besides, 
the proposed approach was not limited to powder micrographs analysis and could be extended to 
new image data sets, including bulk microstructural images. Chen et al. [61] reported when the 
particle radius ‘R’ decreases over the range of R > 21.8 μm, the powder flowability is improved, 
which benefits the quality of powder bed; while, in the range of R < 21.8 μm, the effect of the Van 
der Waals' force rises and therefore dominates owing to the decreasing of particle radius worsening 





Figure 3. (A) Images of individual metal particles, produced using gas atomization, illustrate the many different shapes 
of particle that may result from the process, (B) effect of Powder morphology on apparent density, (C) variations of 





Besides effects on powder flowability, powder size also has huge influences on the 
property of final parts. Lu et al. [38] used TiNiHf powder particles with four different SPD as 
shown in Figure 4a. They observed that large particles are preferred for binder jetting due to its 
excellent flowability and low surface area; while, fine powder is spread as slurry due to the high 
surface area and its nature to easily absorb moisture leading agglomeration and less powder 
flowability. Additionally, they found that the BJ3DP parts prepared using fine powder (<20 μm) 
had high mechanical strength (shown in Figure 4b) which can be explained by several aspects 
including (1) contact points between powder particles (even though smaller powder particles has 
lower packing rate, there are more contact points for a given cross section area), (2) the smaller 
powder particles (small radii) have a higher tendency to attract binder flow and therefore providing 
higher bonding strength at the contact points, (3) binder spreading process is different for different 
size (see Figure 4c) in which smaller powder size causes slower binder flow in the powder bed. In 
fact, different factors may result in differences in the binder spreading time and rate including (1) 
smaller powder particles cause higher capillary force for the binder to flow and spread, (2) smaller 
powder particles have lower powder packing rate (~35%) and therefore cause higher porosity in 
the powder bed for the binder to spread. However, it needs to be addressed that the surface area 
and frictional force between the binder and the particles affect binder spreading in which small 
pores and increased total surface area in small powder particle result in longer binder spreading 
time and lower binder spreading rate. Due to binder spreading process, the binder is not confined 
along the designed width line and lateral spreading is instantaneous. Thus, that inevitably increases 






Figure 4. (a) Particle size distributions of four different TiNiHf powders, (b) green strength of 3D mesh structures 
from four different size particles, (c) . Mesh structure images for four different size TiNiHf powders are illustrated in 
(d) less than 20 µm, (e) 20–45 μm, (f) 45–75 μm, and (g) 75–150 μm. The left side image is 3D structure, the middle 




Thus, powder size, powder packing rate, and binder drop volume affect accuracy and 
tolerance of the BJ3DP part. Even though large powder particle has better flowability and packing 
rate compared to fine powder particles, the shape retention ability and surface finishing and 
roughness are undesirable (see Figure 4d-g). From a manufacturing point of view, a powder bed 
with rough surface will negatively affect the 3D printing resolution leading to dimensional 
inaccuracy of the printed component compared to the inputted CAD model. It is necessary to keep 
in mind that the fundamental motivation of developing rapid prototype techniques is to assist in 
the control and replication of a product. 
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In a study conducted by Hapgood et al. [62], it was found that changing the powder particle 
size may affect the pore size distribution within the powder bed and thus alter the drop penetration 
behavior of the water-based binder. Typically, as the powder bed is heterogeneously distributed 
(e.g. it may happen for water atomized powder or ball-milled powder with irregular powder 
morphology, see Figure 5), it takes a longer time for the binder droplet to completely penetrate. In 
addition, small powder particles may cause creation of many macro-voids within this powder bed 
due to the formation of fine powder agglomerates and consequently, the drop penetration time 
increases. As the macro-voids radius increases, a decrease in the surface curvature of the flow front 
occurs and fluid stops the liquid advancing into that macro-void. Therefore, liquid has to flow 
through neighboring micro-voids around the macro-void and eventually increases a longer drop 
penetration time as well as a void formation [62,63]. In contrast, the liquid has more paths to 
penetrate through a more homogeneously distributed bed (see Figure 5). Therefore, optimizing the 
powder size distribution as well as the binder selection can help to reduce number of issues related 
to the printing step. 
 
Figure 5. Schematic illustrating the proposed different droplet penetration behavior within (left) homogeneously 
distributed and (right) heterogeneously distributed powder beds. For close packing powders such as gas atomized 
powder with spherical powder morphology, the fluid drainage is relatively uninhibited. However, as liquid penetrates 
powders containing large macro-voids the liquid front will tend to cease when the pore radius increases suddenly. This 
happens whenever a capillary pore reaches a macro-void (The macro-void space does not contribute to the effective 
capillary volume or surface area) [62,63]. 
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Depending on binder jet printer features and capabilities, size distribution may vary 
between 5 µm and 100 µm. Nevertheless, if powder size distribution ranges from 16-63 µm with 
the average particle size of 30-35 µm as the powder used here, green part density will be 
approximately 50% and will experience similar shrinkage, just at different sintering temperatures. 
Typically, finer powder particles (less than 20 µm) result in faster sintering kinetics and the 
shrinkage depends on the initial powder packing. If green density could be increased, e.g. using 
powder with a bimodal, trimodal size distribution, printed parts will experience lower shrinkage 
during sintering. In other words, by applying coarse and fine powder particles together in binder 
jetting, one may gain advantages from both large and small particles in which the flowability will 
be guaranteed by larger particles and small particles fill voids between large particles to increasing 
the packing density. However, the ratio of the fine powder to coarse powder needs to be optimized 
in case that the addition of fine powder decreases the flowability of the mixture, which will be 
deleterious to the powder packing. Based on McGeary [64], the maximum packing fraction of 
about 82% can be attained using bimodal powder size distributions with a ratio between the size 
of the coarser and finer powders of 10:1. In other study conducted by Zhou et al. [63] on effects 
of particle size on binder jetting of calcium sulfate/calcium phosphate scaffolds, it was found that 
the addition of fine calcium phosphate powder did not increase the bed packing density and the 
flowability was the predominant factor, leading to the formation of rougher surface and low 
packing density due to the addition of the fine binder. Compared to the base green density of ~50% 
in BJ3DP parts, it can be concluded that the higher the green density, the lower would be the 
resulting part shrinkage on final densification. As the powder particle size decreases below ~5 µm, 
safety of powder handling and respiratory will be main concerns and therefore is not 
recommended. 
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Miyanaji et al. [65] studied two types of powder (1) 420 SS powder with spherical particles 
and unimodal size distribution of 35 μm average particle diameter and (2) Ti-6Al-4V powder with 
bimodal size distribution of 6 μm and 32 μm average particle sizes (morphology and size 
distribution results are illustrated in Figure 6A). The packing density of the powders spread with 
the traverse rate of 2 mm/s was measured to be 55% and 66% for the 420 SS and Ti-6Al-4V, 
respectively. The surface area and contact angle measurement results were given in Figure 6B and 
it was seen that the surface area in the 420 SS powder was higher due to the presence of porosity 
in powder particles. The low contact angle values for both powder types corresponded to the 
increase of the capillary pressure levels under the equilibrium condition. Figure 6C illustrated the 
variation of saturation level vs. capillary pressure. It was reported that the in general smaller pore 
size corresponds to higher packing density, which in turn indicates higher capillary pressure of 
powder material [66]. Therefore, Ti-6Al-4V powders showing higher packing density had higher 





Figure 6. (A) Morphology and PSD analysis results of (a) 420 SS (b) Ti-6Al-4V powders. (B) Contact angle and 
specific surface area measurement results. (C) Capillary characteristic curves for 420 SS and Ti-6Al-4V [65].  
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 Spread speed and print speed 
Spread speed is an input parameter determining the speed of the counter-rotating roller to 
deposit the powder bed which varies between 0.1 mm/s and 4 mm/s. Depending on the printer type 
and spreading powder system, parameters such as recoat speed (mm/s), oscillator speed (rpm), 
roller speed (rpm), roller traverse speed (mm/s) can be different inputs that user needs to consider 
prior printing [52]. Speeds over 4 mm/s spread may result in a non-uniform powder bed resulting 
in layer delamination after printing multiple layers. Currently, the determination of the uniformity 
of powder bed has been determined based on the visual observation during printing process and 
may have variability. Since there is no qualitative model to determine spread speeds based on PSD 
and powder morphologies, users need to determine the spread speed by trial and error method and 
visual observations. In a study by Shrestha [67], experimental design was conducted on the spread 
speed between 6 mm/s and 14 mm/s and was found that 6 mm/s resulted in higher accuracy. If 
authors tested lower than 6 mm/s could have resulted in higher accuracy rather than 6 mm/s. 
To develop reliable strategies for part production with optimized processing parameters, it 
is vital to have a quantitative understanding of the interaction and mechanical behavior of the 
powder particles during the application process. In a study by Parteli and Poschel [68], a particle-
based numerical tool for the simulation of powder application is proposed to investigate the 
characteristics of the powder layer deposited on to the part using a roller as the coating system. In 
this study, the complex geometric shapes of the powder particles were taken explicitly into account 
in which irregular powder particles and non-spherical powders are considered as an important 
parameter during simulation (Figure 7A). In binder jetting system, roller roatates in the counter-
clockwise direction as shown in Figure 7B. It was shown that increasing the coating speed (with 
translational velocity VR between 20 mm/s and 180 mm/s) led to an increase in the surface 
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roughness of the powder bed affecting part quality (Figure 7E). Besides, it was found that powders 
with broader size distribution may increase surface roughness while small powder particles are 
prone to agglomerate leading to an increase in the packing's porosity. More importantly, the 
applied load during the coating process may vary over an order of magnitude and therefore causing 
an inhomogeneity of interparticle forces in the granular packing. It was shown in Figure 7C that 
the evolution of the magnitude of the components of the total force on the part in the horizontal 
and vertical directions (Fx and Fz, respectively), as a function of time. As the roller passes the print 
area (green part), an inhomogeneous force appears due to the interaction among neighboring 
powder particles. Hence, it is essential to perceive how the process dynamics influence the packing 
behavior of the powder bed during bender jet printing. The main benefit of the proposed numerical 
method in [68] is to assist investigations of the flowability and packing behavior of different 
powder systems as a function of material and process parameters, as results were shown in Figure 
7. Thus, it is possible to attain powder layer characteristics not only by altering process parameters 
like the roller's speed but also by changing the PSD of the applied powder. It is worth noting that 
the powder spreading method (e.g. mechanical vibration and rolling), powder geometry, powder 
surface texture and the roller’s surface texture affect the porosity and surface roughness of the 
deposited powder layer. Additionally, size segregation or compaction in the powder bed might be 






Figure 7. (A) a: Powder particles with complex geometric shapes, b: light microscope images of some of the powder 
particles (first row) and corresponding particle models using the multisphere method (second row), c: cumulative and 
volume density distribution dada, (B) schematic overview of the main element for the simulation, (C) Schematice of 
the powder roller interaction during printing process, (D) powder layer applied onto the part to be built  with various 
roller speed of 20 mm/s (left) and 180 mm/s (right), and (E) dependence of the surface roughness ‘δ’ on the coating 




The influence of the printing speed on quality and integrity of the printed components was 
experimentally evaluated on the 420 Stainless powder (Figure 8A). Two different variants were 
studies including printing direction and track size (Figure 8B-C). It is reported by Miyanaji et al. 
[69] that increasing printing speed led to the reduction of the accuracy of the fabricated parts 
regardless of the printing orientation in the powder bed that can be attributed to the enhanced 
inertia forces. Generally, the accuracy of parts printed in x-direction was different from the y-
oriented samples associated to the asymmetrical spreading of the droplets favored toward the 
printing direction (see Figure 8D). This concept might be due to the horizontal velocity of droplets. 
As illustrated in Figure 8E, as the printing speed increases, splashing phenomenon might happen 
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during binder deposition through printhead resulted in the loss of the slot features in the x-oriented 
printed parts and the reduced accuracy in the y-oriented features. The effect of printing speed on 
dimensional accuracy of single-track, multi-track, and cubic features are depicted in Figure 8F-G, 
respectively. Basically, the effect of printing speed on accuracy in y-direction (printing direction) 
was greater than that of x-direction (perpendicular to Y direction). A linear correlation was seen 
between the printing speed and dimensional accuracy of printed features in y-direction indicative 
of accuracy prediction based on the selected processing parameters is passible. It is vital to note 
that the obtained results in [69] were highly dependent on the powder feedstock characteristics and 
the liquid binder properties, as they significantly control physics of the interaction between liquid 
binder and powder upon impact and permeation. Another aspect of printing speed is its influence 
on the variation of equilibrium saturation. It was shown in [69] that higher printing speed resulted 
in the increased volume of the printed samples. In fact, as the nominal binder amount during 
printing process remained constant, the increased volume resulted in lower equilibrium saturation 
that may deteriorate the mechanical strength of the printed part [69,70].  
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Figure 8. (A) Powder size distribution and morphology. (B, C) The designed geometry for printing samples and part 
configuration in the powder bed, schematic of single track and multiple tracks experiments are shown. (D) Printed 
features with different printing speeds (a) 20 mm/sec (b) 100 mm/sec (c) 300 mm/sec (d) 700 mm/sec (e) 1000 mm/sec. 
(E) Variation of the slot accuracy with printing speed and part orientation. (F) Effect of printing speed on dimensional 
accuracy of single-track samples. (G) Dimensional accuracy of multiple-track samples fabricated at various printing 
speeds. (H) Printing speed effect on accuracy of cubic parts [69].  
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 Layer thickness and powder packing density 
Layer thickness is determined by the PSD varying between 20-300 µm. Generally, the layer 
thickness should be larger than the diameter of the largest particle powder feedstock. To overcome 
the issues of low powder bed density and high surface roughness, fine powders within the size 
range of 15 µm to 150 µm are often employed. Although smaller powder particles can enhance 
particle packing and reduces surface roughness of the AM part, agglomeration tendency might be 
a constraint in using fine powder particles [71–73]. The particle size determines the layer minimum 
thickness as well as the minimal size of the part features that can be built using AM techniques. In 
case that the layer thickness is greater than the maximum particle size, then all the powder particles 
regardless of the powder particle size will be deposited/dispensed into the build volume. In other 
words, if a layer thickness is smaller than the maximum particle size, a preferential deposition of 
a finer distribution of powder particles will happen [42,74]. In binder jetting, the deposited layers 
were bonded together using a binder where their strength is still low; therefore, the wiper or roller 
should not apply force on the large powder particles affecting the previously printed parts. More 
importantly, increasing of the layer thickness may lead to the reduction in the density of each 
powder bed layer. The desired layer thickness defines as a limit to the maximum powder particle 
size. The optimum layer thickness of 100 µm is suggested [67] for the PSD of 16-53 µm with 
mean of 35 µm [33]. Powder bed density is another important aspect in the case of binder jetting 
in which sintering is carried out as one of the steps to achieve full densification. Shrinkage happens 
during densification depending upon the powder bed density. Thus, it is necessary to understand 
the role of powder feedstock (e.g. morphology and size distribution) on controlling the powder 
bed density. Figure 9 illustrates the effect of layer thickness on the powder bed density. Generally, 
the powder bed density directly affects the green part density where a higher green density ensures 
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reduced shrinkage during densification step. As an example, a compact powder bed with a green 
density of 40% would shrink by 60% (which is the pores volume fraction) during full densification. 
On the other hand, an increase in green density to 70% will result in about 30% shrinkage [75]. 
With the same powder size distribution, gas atomized powder with spherical powder shape has 









Powder packing density is an essential parameter to determine how efficient powder 
particles are able to arrange themselves with maximum particle-to-particle contact and minimum 
voids within the granular network. As explained earlier, several key factors affect particle packing 
behavior including morphology, PSD, inter-particle forces, surface chemistry as well as 
flowability [76]. Figure 10 shows how the packing density may reach a maximum as the PSD 
includes both fine and coarse particles. In general, actual powders do not reflect the close-packed 
behavior of uniform and equivalent-sized spheres found in cubic and/or hexagonal-close-packed 
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systems. In fact, they are loosely arranged in a poly-dispersed manner with a mixture of random 
particle sizes as well as an arbitrary order of interstitial pore distribution, leading to relative 
packing densities of ~60–70%. In this figure, fs and fl denote the packing density of the small and 
large powder particles. It is necessary to point out that the packing density during binder jetting is 
lower since there is limited compaction during 3D printing process where the green density of ~40-
60% can be achieved. Powders with a wide PSD and adequate amounts of fine particles present in 
its distribution array are inclined to display high packing densities. One approach to enhance a 
high powder packing density is adding fine particles of discrete diameters and generate a 
multimodal size distribution with secondary or tertiary peaks. To determine the size ratio between 
coarse and fine particles, the existing void size and morphology of the base powder need to be 
taken into account. The quantity of fine particles depends on apparent densities of the respective 
powders. An effective packing density improvement was reported at a coarse to fine size ratio of 
1:7 where fine particles can percolate through triangular pores in the coarse matrix [56,77]. 
Karapatis et al. [78] adopted the bimodal approach by to improve the packing density of direct 
metal laser sintered nickel powders by using a coarse to fine size ratio of 10:1 and powder layer 
density was reported to increase from 53% to 63% following the addition of 30% fine particles. In 
another study, Zhu et al. [79] reported that the apparent density of copper alloy powder was 
enhanced from ~77% to ~88% when the amount of fine binder particles increased by 10%. 
Generally, addition of fine particles may be influential in modifying powder packing density which 
could either skew a Gaussian distribution or generate a multimodal distribution wherein both 
approaches result in the extension of size distribution widths. Moreover, the multimodal approach 
may offer a more straightforward solution to improve packing behavior as void sizes are typically 
predetermined as compared to a random distribution of unknown voids [56].  
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Figure 10. A schematic showing the effect of powder particle size and distribution on packing density for a bimodal 
mixture, showing five possible structures. The maximum density for a homogeneous mixture f* occurs at a certain 




Thus, addition of fine particles can be influential in modifying powder packing density in 
terms of (1) skewing a Gaussian distribution or (2) generating a multimodal distribution; wherein 
both approaches result in the extension of size distribution widths (see Figure 3C). It was thought 
that the multimodal approach may offer a more straightforward solution to enhance the packing 
behavior as void sizes are typically predetermined as compared to a random distribution of 
unknown voids. Generally, AM metal powders are necessarily fine to meet the requirement to form 
a powder bed just tens of microns thick. On the other hand, fine powders can be problematic in 
terms of flowability. As the particle size decreases, the forces of attraction between particles 
increase and therefore finer powders are usually less free-flowing than coarser analogues. It is 
worth noting although blending of fine particles with coarse powder may provide beneficial effects 
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towards enhancing powder packing density, the incorporation of fine particles might introduce 
certain downsides on flowability due to increased powder cohesion and inter-particle forces. In a 
study by Schade et al. [81], it was displayed that the powder flow and particle size have an inverse 
relationship as shown in Figure 11. Powder flowability becomes more restricted with decreasing 
particle size. The resulting agglomeration effects is also detrimental to powder apparent density 
since the fine particles have higher tendency to adhere with each other, forming irregularly shaped 









Cao et al. [41] investigated the double-smoothing (DS) mechanism on ultra-thin powder 
layering in 3D printing process. Generally, it is known that thinner powder layers are beneficial to 
the 3DP parts to attain high accuracy, surface quality and densification.  In the case of counter-
rolling (CR) layering as a conventional layering method, it is quite impossible to achieve ultra-thin 
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layering due to the considerable layering defects such as the cavity defect and part-shifting defect 
or complicated expensive processes are required. For the first time, Lee [82] used a DS layering 
method to spread each layer as shown in Figure 12Aa. Double-smoothing is not commercialized 
in the 3DP machines and Cao et al. [41] developed a printer for this purpose with details shown in 
Figure 12Ab and Figure 12B. It was illustrated that with the roller excited to vibrate, the powder 
bed obtained the relative densities of 49.5 ± 4.3% after 120 rounds of CR layering with 100 µm 
layer thickness, whereas the relative densities were only 45.1 ± 3.7% without the vibration  (please 
see detailed information in [41]). The experimental setup in the layering tests for dispensing tri-
modal powder material system to print ultra-thin powder layers was displayed in Figure 12C. Two 
observing windows including window I (dry area) and window II (wet-area) were defined to study 
the part shifting. Analysis for the cavity-type layering defects revealed that the resulting cavities 
in the wet-areas always appeared more than those in the dry areas (Figure 12D). One possible 
reason for the formation of cavity might be referred to the residual moisture in the previously 
printed areas leading to the capillary bridge forces between the powder particles to increase the 
internal frictions lowering powder spreadability/flowability and increasing the shear stresses 
applied to the powder particles. Thus, the wet-area results play a significant role to determine the 
feasibilities of the layering parameters in the viewpoint of restricting cavities. It was found that the 
CR layering method was not appropriate for the ultra-thin layering of 55 µm, the DS method is 
suitable for dispensing the 55 µm ultra-thin powder layers. Analysis for the layering defects of part 




Analysis for the densification proved (see Figure 12F) that the DS layering was capable of 
producing denser green specimens and powder bed than the CR method in which the maximum 
green and relative densities of 69.9 ± 1.7% and 70.2 ± 1.5%, respectively using DS layering, and 
31.9 ± 6.1% and 43.7 ± 5.3%, respectively using CR layering were achieved. Uniformity analysis 
results for printed specimens were shown in Figure 12G and it was found that the deeper powder 
is always less likely to experience the great densification. As shown in Figure 12G, three 
specimens with 41.7%, 55.5% and 63.8% bulk green densities were prepared from three different 
layering test groups and demonstrated several noticeable drops of localized green densities along 
their length direction; while the specimen with 70.1% green density was achieved from the DS 
layering test group resulting in much fewer cavities than above three, exhibited very good 
uniformity in localized green densities. It is worth noting that each printed powder layer is 
compressible, thus the powder at different positions along the specimens’ height can experience 
different times of additional compressions. Therefore, another uniformity analysis can be 
considered along the specimens’ height. Figure 12H displayed how localized green densities varied 
where the largest densities were at the bottom position and continuously decreased from the bottom 
to the top. It was shown that differences of localized densities between the bot- tom and top were 
about 1.8% for the specimen with 69.9% bulk density from the DS layering test group compared 
to the maximum 9.4% for the specimen with 42.1% bulk density from the CR layering test group. 
Based on the theoretical framework on layering issues supported by experimental results [41], it 
is expected that the future 3DP machines consider it for research and development aspects. 
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Figure 12. (A) ‘a’ DS-layering steps for dispensing each powder layer; ‘b’ setups of the self-developed 3DP machine, 
(B) working principles of the powder-layering apparatus: ‘a’ apparatus move- ments for the first smoothing; ‘b’ 
apparatus movements for the second smoothing, (C) experimental setup in the layering tests, (D) cavity proportion 
observed in the powder-layering tests, (E) results of part shifting and flat errors measured on the printed specimens, 
(F) powder densification results measured in the powder-layering tests, (G) results of uniformity analysis along 
specimens’ length , and (H) results of uniformity analysis along specimens’ height. 
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 Binder selection 
Generally, there are two types of binders including (1) organic in which binder binds the 
powder through the curing process and (2) inorganic where binder binds via colloid gel formation. 
In another classification, binders can be ordered as (1) acid-base binder that binder controls the 
powder bonding through acid-base reaction, (2) metal salts binder that forms the bonding with 
powder by salt recrystallization, reduction of salt crystallization or salt displacement reaction, and 
(3) aqueous based binder (solvent- or water-based) which is specialized for polymeric powders 
and creates designed structure after solvent evaporation (See [10] for more information).  
Furthermore, depending on the binding mechanisms, binders can be classified as (1) in-
bed binders which mixes with the powder in the bed and binds with powder through the jetting 
liquid from the nozzle (e.g. plasters and cement [83,84]), (2) phase-changing binders that works 
by solidification of binder to hold the powder together (e.g. 2-Methylpropane-2-OL [85]), and (3) 
sintering inhibition binders that controls the sintering area via selectively jetting heat-isolating 
materials, chemical oxidizers, sintering inhibitors and heat-reflective materials [86]. 
The viscosity of the used binder is important for being used in BJ3DP.  The Ohnesorge 
number (Oh) is a dimensionless number that relates the viscous forces to inertial and surface 
tension forces between binder and powder surface. Binders with 0.1 < Oh < 1 can be used for 
binder jet printing [87]. The used binder during printing process should not be corrosive towards 
the print nozzles. Two types of binder are currently used in BJ3DP of materials including diethyl 
glycol (DEG) binder or phenol based binders. DEG binders require curing at 200 °C whereas 
phenol based binders cure upon contacting with the powder bed.  
 37 
 Binder saturation 
Powder packing factor and wettability are two main factors affecting the choice of binder 
saturation and the required volume of binder. Improper binder saturation can cause inhomogeneous 
powder bed. Layer delamination may be caused by low binder saturation levels, while higher 
binder saturation levels lead to excess wetting of the bed causing powder particles stick to the 
roller. The same as the spread speed, binder saturation is determined by the operator based on the 
powder bed behavior per visual examination. Theoretical binder saturation (binder saturation [%]) 
was calculated using the following equation:  
𝑆𝑆 =  1000×𝑉𝑉
�1−�𝑃𝑃𝑃𝑃100��×𝑋𝑋×𝑌𝑌×𝑍𝑍
     (2-1) 
where V is volume of binder per drop [pL], PR is packing rate [%], X and Y are spacing between 
binder droplets [µm] and Z is layer thickness [µm]. In order to attain a green part with sufficient 
mechanical strength and surface quality, optimization in the saturation level is crucial. Thus, the 
optimal binder saturation level is selected based on the packing rate and wettability. Figure 13 





Figure 13. Possible surface defect formation due to improper saturation level; (a) low-level saturation leads to powder 
loss, and (b) over-saturation leads to excessive powder bond [88,89]. 
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As illustrated in Figure 13a, low binder saturation level can lead to inaccurate geometry 
and low sintered density leaving porosity after binder burn-out step. In contract, over-saturation 
can cause the excessive powder bonded to the surface and makes some swells leading to the surface 
roughness as shown in Figure 13b. Another possible issue related to the over-saturation can be 
pointed out to the unwanted wetting of the bed sticking powders to the roller and subsequent 
inhomogeneous powder bed (if higher saturation level is needed, increasing drying time may help 
to dry the bed).  
Lu et al. [90] found that  the powder-binder wetting ratio is significantly influenced by the 
powder packing shown in Figure 14. Typically, the wetting ratio is higher for a densely packed 
powder bed compared to the same powder bed with loosely packed powder bed. During printing 
process, binder is jetted from the printhead with a certain drop size. However, the total amount of 
the jetted binder per layer is proportional to the total volume of the printed powder (here we can 
say thickness). As the binder reaches the powder bed, it spreads into the interstitial sites of the 
powder particle in both vertical and lateral directions. Shrestha et al. [67] found that the saturation 
level of 70% is an optimum binder saturation level when the layer thickness, roll speed and feed 






Figure 14. Optical micrographs of 3D printed TiNiHf square wire from powders with particle size distribution less 




As shown in Figure 15, if the powder layer is too thin and the layer thickness is less than 
the desired powder thickness to accommodate the binder at the applied saturation levels, it is 
possible that the extra binder spreads from the sides. This issue may cause excessive lateral flow 
of the binder and thus a larger and uneven printed part (examples were shown Figure 14). If the 
printed layer is too thickness, uneven lateral spreading becomes less. It may happen that the jetted 
binder is enough while the binder might have less than sufficient time to diffuse vertically to the 
previously printed layer. In this case, the same issue of uneven surface may happen. At the optimal 
printing layer thickness, binder spreading proceeds into vertical and lateral directions in which 
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there is enough binder to fill out interstitial site. Therefore, the actual binder spreading process 
requires in-situ observation, an ideal powder-binder should have a rapid spreading rate, appropriate 









In another study by Vaezi et al. [39], the effect of two parameters of layer thickness and 
binder saturation level on mechanical strength, integrity, surface quality, and dimensional accuracy 
in the 3D printing process were investigated as results were shown in Figure 16. A plaster-based 
ZP102 powder and water-based Zb56 binder were binder jetted using a ZCorp.'s Z510/Cx 3D 
printer apparatus. Two printing layer thicknesses of 0.1 mm and 0.087 mm are evaluated at binder 
saturation levels of 90% and 125% and then parts were infiltrated using a resin. It was found that 
under the same layer thickness, increasing of binder saturation level from 90% to 125% resulted 
in an enhancement of tensile and flexural strengths of the BJ3DP specimens while the dimensional 
accuracy and surface uniformity might be decreased. Generally, an increase of layer thickness 
leads to a better powder spreading; while under the same binder saturation level, the number of 
layers would be increased as the layer thickness decreases, therefore, the integrity is expected to 
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be higher increasing the tensile strength of the specimens. Additionally, under the same binder 
saturation level, the flexural strength may decrease due to better binder penetration in vertical and 
lateral directions over the surface, thus, there might be lesser unoccupied space between powder 
particles leading to lower porosity. Besides, under the same binder saturation conditions, tensile 
strength may not increase with a decreased layer thickness; however, a decreased layer thickness 
to certain limits may increase the materials tensile strength. In general, binder spreading distance 
in vertical direction is less than lateral direction, thus for the case the layer thickness is selected 
less than a certain limit, the binder completely penetrates vertically, and consequently the powder 
is saturated while the binder penetration would be incomplete in lateral direction decreasing 
sample’s integrity and tensile strength. In other words, under the same binder saturation conditions, 
an increase in layer thickness from 0.087 mm to 0.1 mm showed a decrease in the tensile strength 






Figure 16. (A) Designed 3D network structure, (B) diagram of tensile stress–strain for uninfiltrated ZP102 powder, 
(C) diagram of flexural stress–strain for uninfiltrated ZP102 powder. Stereomicroscope images of specimens with (D) 
0.1 mm layer thickness and 90% saturation, (E) 0.087 mm layer thickness and 90% saturation, (F) 0.1 mm layer 
thickness and 125% saturation, (G) 0.087 mm layer thickness and 125% saturation [39]. 
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 Drying time 
After each time of spraying binder on the powder, the powder bed is subjected to a resistive 
heater for initial curing and this time is known as drying time. Depends on the choice of binder 
chemistry and composition, drying time may vary i.e. phenolic binders do not need drying time 
while DEG binders have a dry time of ~30 s/layer. Additionally, longer drying time (td) is required 
for higher binder saturation (S), larger surface area (A) and powders with poor thermal conductivity 
(k). Figure 17 illustrated two example of optimum and insufficient drying time. As illustrated in 
Figure 17a, as the liquid binder in the previously generated layers underneath the layer being 
printed is sufficiently dried, the penetration of the binder within the layer in the vertical direction 
is restricted by the layers beneath it, which causes enhanced saturation in the printed areas as well 
as more significant binder spreading toward the unsaturated area between the deposited droplets. 
Thus, parts with required dimension can be attained. In the situation that the drying time is not 
enough (see Figure 17b), then penetration rate of the liquid binder within the powder bed appears 
to be greater than the spreading rate. Thus, as the in-process heating parameter as drying time is 
not optimally chosen to sufficiently dry the binder, the deposited liquid binder in the top layer ends 
up supplying excessive binder to the underneath layers. Additionally, the residual binder will 
penetrate into the previous layers under the external pressure due to the weight accumulation of 
the printed structures leading to a decrease in the dimensional accuracy of the printed features.  
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Figure 17. Schematic of parts printed with different in-process binder curing parameters (a) insufficient drying 
parameters (b) appropriate drying parameters (the dashed arrows indicate the potential binder migration paths inside 




 Binder burnout, densification and shrinkage 
In the case of using water and/or solvent based binders during BJ3DP technique, a glycerol 
based binder is the main component, which mainly occupies the interstitial spaces among the 
powder particles to hold the powder together in the desired shape. When the cured green parts are 
ready for densification, the post-processing step is subjecting BJ3DP components to a binder 
burnout process. Typically, burnout step happens prior sintering or infiltration process in the same 
furnace. To determine the binder burnout temperature, differential thermal analysis (DTA) can be 
conducted on the used binder. Generally, finer powder particles are processed using higher binder 
saturation levels. In the binder jetting, carbon content may vary due to the carbon rich residue after 
binder burnout and therefore the microstructure and phase formation would be affected. During 
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sintering step, Binder jetted parts experience shrinkage to remove part porosity caused during 





Figure 18. (A) Cellular material sample in its various representations during the manufacturing process chain: (a) 
CAD model, (b) green part, and (c) part after sintering [91]. (B) CAD model, green part and sintered sample with 




Infiltration is a route of densification using a low melting point material such as bronze to 
remove residual porosity and obtain full density with negligible dimensional changes. In fact, 
capillarity force between infiltrant material and pores on the powder particle surface is the main 
driving force of the infiltration process. Since infiltration can remove pores for the binder jetted 
part to increase density, it may enhance the mechanical properties including hardness, elastic 
modulus, yield strength, etc. [92]. To attain final product with desired properties, it is important to 
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optimize the saturation of infiltrant liquid. In the case that the liquid infiltrant exceeds the 
saturation level, the migration of excess infiltrant can affect the dimensional accuracy. If the lack 
of infiltrant happens, it can cause weak bonding between particles affecting mechanical properties. 
Thus, it is necessary to have a precise estimation of infiltrant saturation for a BJ3DP parts [89]. 
The other densification method for the binder jetted parts is sintering. Sintering kinetics 
and densification depend on (1) the powder particle chemistry and surface impurities, (2) powder 
morphology, (3) particle size distribution and (4) sintering atmosphere. The sintering kinetics and 
shrinkage during sintering of the green part are two other aspects affected by PSD. Therefore, 
powder properties as well as sintering step are critical aspects in BJ3DP of metallic material in 
which powder size distribution, powder morphology and chemistry, heating and cooling rates, 
sintering temperature and holding time may affect shrinkage, microstructure, porosity and phase 
formation in the final product. In the following, these concerns will be elaborated in more details. 
 Sintering 
2.2.10.1 Sintering Theory 
The sintering process is a critical step in binder jet 3D printing technology (BJ3DP) since 
the densification of the green part happens through a diffusion process. As the strength of the green 
part is owed to the cross-linking of the polymeric binder during printing, various mechanical 
strengths (static and dynamic mechanical properties) can be achieved after applying sintering to 
attain different density and microstructure. As the binder jetted part is porous with density of ~40-
50%, the driving force of the sintering is primarily based on the reduction of surface energy of the 
BJ3DP part. Different stages happen during sintering, which affect the microstructure and 
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shrinkage behavior of the green part. Figure 19 illustrates the general sintering process for a 
powder system and in the following, main steps are explained in detail: 
Figure 19(a) shows the prior of sintering, in which the green part density of the BJ3DP 
specimen is ~40-50%. No sinter neck can be seen and the surface bonding among powder particles 
is due to the binder used during the printing process. The initial stage of sintering happens at lower 
temperatures where the surface diffusion is usually the dominant mass-transport mechanism during 
the early stages of neck growth [93,94]. Initially, particles are in contact to form grain boundaries 
at the contact point through the diffusion process (see Figure 19(b)). Necks begin to form at the 
contact points between the adjacent particles without any dimensional change or porosity 
reduction. Generally, as the sintering temperature increases, sinter necks form due to material 
shifts on the surface of the particles to contact points, causing a linear shrinkage (dimensional 
changes) of ~3% [93–95]. The intermediate stage begins when the ratio of particles diameter (D) 
to sinter necks (X) is ~3, where the relative density of the sintered part reaches to ~70%.  
The intermediate stage happens at higher temperatures where the grain boundary and 
volume diffusions are dominant and the part experiences a significant amount of densification up 
to ~92% as shown in Figure 19(c). Additionally, the pores of the part are initially smoothed, 
becoming more tubular as opposed to spherical. During the intermediate stage, sinter necks grow 
from approximately 1/3 to 1/2 of the powder particle diameter and as the densification progresses, 
pore evolution happens where the long, tubular pores become closed [93–95]. Thus, the pores 
channel closure takes place in which the interconnected pores are closed off isolating porosity due 
to sinter neck growth and/or the creation of new contact points as pore shrinkage happens. 
Consequently, materials migrate from inside of the particles to the surface, resulting in contact 
flattening and densification. 
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As the density increases to ~92% with closed pores and sintered necks of half the powder 
particle diameter, the part has entered the final stage of sintering process (see Figure 19(d)). The 
final sinter stage happens at the same or slightly higher temperatures as the intermediate stage. 
This stage is much slower than the initial and intermediate stages. During this stage, elimination 
of the closed pores takes place to achieve maximum density. Throughout the final sintering stage, 
grain coarsening happens in which pore coarsening may occur if the maximum density over 99% 
cannot be achieved [95,96]. During this stage, solids must by transported into the pores and a 





Figure 19. Schematic showing the general sintering process for a powder system, (a) un-sintered powder, (b) initial 
stage of sintering where sinter necks form, (c) intermediate sintering stage where the density increases due to shrinkage 
and pores closure, and (d) final stage where the grain coarsening may happen [97]. 
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2.2.10.2 Sintering Thermodynamics 
The thermodynamic or driving force of the sintering process is the reduction of Gibbs free 
energy of the system depending on the powder characteristics regardless of sintering temperature. 
In powder metallurgy and binder jetted parts, the energy of the system is based on the incomplete 
bonds of the weak joints among powder particles. Thus, the energy reduction of the system 
happens by reducing the number of atoms in a higher energy state. Sintering continues if the total 
energy in the system is decreased and finally, it stops once that is no longer possible. 
Necks formation happens between the adjacent particles in the initial stage of sintering. 
Due to the effects of surface curvature on the powder particles, there is a huge driving force to 
generate necks [93,98]. There is an uneven distribution of forces on the atoms of a surface with 
curvature in which the surface tends to be in tension if it is concave and compression if it is convex 
[99,100]. With the formation of the sinter necks, the total curvature of the surface is reduced, 
resulting in the reduction of the total system energy where material moves from the convex 
surfaces (particles) to the concave surfaces (necks). Based on the surface stress values, the surface 
will have a higher vacancy (under tension stress) and lower vacancy (under compression stress) 
concentration, causing a source-sink relationship, in which material from the particles 
preferentially moves to the necks [96-98]. German [100] showed that with smaller radii, particles 
will have a higher curvature and driving force for sintering. In other words, smaller particles have 
a significantly higher stress and driving force for sintering where densification may happen at 
lower sintering temperatures compared to coarse powder particles. Besides reducing surface 
curvature, the sinter neck formation also reduces the surface area to volume ratio of the powder 
system, which is directly proportional to the inverse of the particle radii. By increasing the particle 
size, the total surface area of the powder system decreases, leading to the reduction of the system 
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energy. It contributes to the lower energy required for sintering of smaller powder particles as the 
comparatively high surface area to volume ratio gives the system a higher driving force for 
sintering. The other driving force in sintering is the grain boundary interfaces where the particles 
will undergo a stress relief and subsequently, a recrystallization process happens. Although the 
new boundaries have a lower energy than a surface-pore interface, they increase the total energy 
of the system and, as sintering progresses, the grains will coarsen to reduce system energy. 
2.2.10.3 Sintering Kinetics 
Generally, there are two major categories of sintering mechanisms, all of which can be 
active in some combination during the sintering process and the relative impact of each mechanism 
depends on the material and sintering conditions. The alloy chemistry is an important factor in 
selecting the optimized process temperature. It is vital to determine a correct sintering set 
temperature to attain full density and, therefore, sufficient mechanical properties. The main 
categories for sintering kinetics or mechanisms are solid-state and liquid-phase sintering. Solid-
state sintering happens with the material in its solid form, and diffusion-controlled mechanisms 
dominate the process. In liquid-phase sintering, some volume of liquid is present, typically in small 
amounts to facilitate the sintering process. Both mechanisms can occur at the same time and the 
prevalence of each one depends on the sintering temperature. Particle size distribution and alloy 
chemistry have a direct impact on sintering kinetics. In the following, each mechanism is 
elaborated in detail. 
2.2.10.4 Solid-State Sintering  
Solid-state sintering happens when applied temperature is below the solidus temperature 
and, therefore, the material is in a solid state. In solid-state sintering, powder particle diameter is 
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the main governing factor. Based on the temperature and holding time, there are two distinct types 
of sintering mechanisms that contribute in different ways to the sintering process.  
The first type is the coarsening or non-densifying sintering that happens at lower 
temperatures and includes surface effects where no movement happens on the powder particles 
centers to get closer together [101]. Here, materials are redistributed along the powder particle 
surfaces from convex (particle surface) to concave areas (neck). There is no material transportation 
from the core of the particle and, therefore, shrinkage is negligible (maximum 2-3%). Evaporation 
and condensation is another mechanism causing coarsening in the powder particles where the 
materials evaporate at convex areas and condense at concave areas, allowing materials to be 
transferred across pores rather than simply on or through the particles themselves (mechanism #1 
in Figure 20). The tendency for material evaporation at convex and condensation at concave areas 
can be attributed to the slightly higher and lower vapor pressure at those areas, respectively 
[98,102]. It is worth noting that the effect of evaporation/condensation is negligible for most 
materials since the vapor pressure is low at any realistic sintering temperature [101,103]. Surface 
diffusion is present at the lowest temperatures of any of the mechanisms due to the comparatively 
high energy of particles on the surface and lower activation energy [93]. Thus, the structure is 
smoothed (or coarsened) to reduce surface curvature and surface area (mechanism #2 in Figure 
20). If the temperature is slightly higher, in which the lattice diffusion from surface can happen, 
atoms may have a chance to move from the layer beneath the surface to the neck (mechanism #3 
in Figure 20).  
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Figure 20. Two-particle geometry for possible transport mechanisms during solid-state sintering (detailed explanation 




The second type is volumetric or densification sintering, which happens at higher 
temperatures and causes the shrinkage in parts to increase the density of the part [101]. In 
densifying sintering, mass transfer occurs from the core of the particles to the necks and, 
consequently, will cause the center of the particles to move closer together, leading to the 
shrinkage. Lattice or volumetric diffusion may happen in which the process is caused by vacancies 
in the lattice structure (mechanism #4 in Figure 20). This mechanism is active at temperatures 
close to the solidus temperature due to the requirement of a large number of vacancies to provide 
any meaningful mass flow [94,95]. Another densifying mechanism, grain boundary diffusion, 
occurs at lower temperatures compared to the volumetric diffusion since it does not depend on the 
creation of vacancies, with atoms being able to take advantage of the space provided by the grain 
boundary interfaces. Atoms can diffuse from the grain boundaries inside the powder particle to the 
surface of the particle to form sinter necks (mechanism #5 in Figure 20). Grain boundary diffusion 
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relies on the quantity of grain boundaries as well as temperature [94,95]. Plastic flow (mechanism 
#6 in Figure 20) happens when the movement of dislocations in the lattice structure occurs. These 
dislocation movements must happen at the surface and move inwards to either a grain boundary 
or isolated pore. This mechanism can only happen at lower temperatures since at elevated 
temperatures, the part is weak enough such that dislocations will not form.  
 BINDER JET 3D PRINTING OF NICKEL-BASED ALLOYS 
Nickel-based super alloys are broadly used in aerospace, chemical and petrochemical 
applications as a high temperature structural material due to their high temperature mechanical and 
corrosion resistance properties. Traditional manufacturing such as casting [104] and metal 
injection molding [105–109] are the most common production methods for production of parts 
made from nickel alloys. Casting as a major conventional fabrication method for Ni-based alloys 
has difficulties to produce large ingot without facing issues such as elemental segregation, 
shrinkage defects and formation of undesirable phases [104]. Reducing these defects is a time 
consuming and expensive process, and forming and machining of the cast parts are difficult due 
to high hardness, mechanical strength ductility and work hardening [110]. The potential 
advantages of the production of superalloys by powder metallurgy or injection molding can be 
fabrication of a finer grain structure material. Additionally, a homogeneous chemical composition 
throughout of the product is achievable since the parts produced by PM methods consist of small 
sized particles, and therefore the biggest segregation distance is limited by particles size. Although 
injection molding could solve difficulties of producing complex shaped parts that was not practical 
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by traditional manufacturing methods, there is still limitation of production parts with internal and 
external complexity and porosity.  
Alloy 718, also known as Inconel 718, is a solid-solution or precipitation strengthened 
nickel-based austenite superalloy, displaying remarkable combination of superior mechanical 
properties and good workability in highly aggressive working environments such as nuclear 
reactors [111], turbine blades and turbocharger rotors [26,112], aircraft turbine components, and 
various formed sheet metal parts for aircraft [113]. Alloy 718 has good processing characteristics, 
such as castability and hot-workability, as well as good weldability. However, precipitates and/or 
segregation may affect post processing. This alloy has been used in cast and wrought forms in 
which the microstructure in castings contains interdendritic regions with elemental segregation of 
niobium (Nb), molybdenum (Mo), and titanium (Ti). Even if the alloy has high Nb concentration, 
Laves phases such as (Cr, Fe, Ni)2(Ti, Nb) and Ni2(Cr, Mo) may form at the grain boundaries that 
have detrimental effect on mechanical properties. Hence, post heat-treatments including multiple 
homogenization steps are required to dissolve the Laves phase to create face centered cubic (FCC) 
gamma phase. Similarly, wrought alloy 718 needs post processing to reduce undesirable phases in 
the microstructure before thermomechanical processing. The exceptional mechanical properties of 
alloy 718 is due to a precipitation-hardened microstructure which is predominantly strengthened 
by γ″-phase precipitates [Ni3(Nb, Al, Ti)]. These post processing steps as well as scrap generation 
during machining drive the cost of parts fabricated via traditional route and therefore, additive 
manufacturing can be an alternative to control microstructure and properties. Recently, researchers 
have successfully printed and characterized the alloy 718 at high relative density using BJ3DP.  
In a research conducted by Turker et al. [113], effects of layer thickness and sintering 
temperature were studied on densification of alloy 718. Parts with were produced from gas 
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atomized powders (<53 µm) with layer thicknesses of 100 µm, 125 µm, 150 µm, 175 µm and 200 
µm. After printing the individual layer by binder, the applied drying time was about 20 s. Green 
parts were then preheated at 80 °C for 2 h, then followed by depowdering and finally sintered at 
1260 °C, 1280 °C and 1300 °C for 4 h in vacuum atmosphere. Based on the production parameters, 
different density ranging from 88% to 98.5% was attained. It was seen that the sintering at 1260 
°C resulted in densities of 88–92% depending on layer thickness in which lower layer thicknesses 
led to achieving higher densities. Optical micrographs of the sintered samples at 1260 °C with 
various layer thickness showed considerable amount of porosity irrespective of layer thickness 
(Figure 21a), it was shown that samples produced at lower layer thickness (100 µm, 125 µm) had 
slightly lower porosity volume fraction. With increasing the sintering temperature to 1280 °C and 
1300 °C, parts with density of ~99% was attained indicating that layer thickness had less effect on 
the final density. Generally, solidus and liquidus temperatures of wrought alloy 718 are designated 
as 1260 °C and 1335 °C and in a study conducted by Ozgun et al. [105], they reported these two 
values as ~1250 °C and 1305 °C. This difference can be attributed to the specific surface energy 
of the powder particle which is higher than the bulk alloy, thus, the measured solidus and liquidus 
temperatures are lower than the solidus and liquidus temperatures of a bulk material. Other aspects 
such as surface oxide layers on powder and chemical composition may affect these two 
temperatures. Shrinkage of the 3D printed parts after sintering at 1260 °C, 1280 °C and 1300 °C 
was shown in Figure 21b. samples sintered at 1260 °C experienced ~16.5% shrinkage while 
increasing sintering temperature to 1280 °C and 1300 °C resulted in a shrinkage of 19.5% and 
21.5%, respectively. These values were the average number for different directions however, it is 
known that shrinkage in z direction is higher than two other axes. An inset in Figure 21b is an 
example of the printed (top) and sintered sample (bottom) indicating shrinkage in the 3D sample. 
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Optical micrographs (Figure 22) taken from the printed samples with layer thickness of 
100 µm and 125 µm and sintered at 1260 °C, 1280 °C or 1300 °C showed that higher sintering 
temperature can lead to the high density; however, a small amount of grain coarsening took place, 
particularly at 1300 °C. In case of 1280 °C or 1300 °C, precipitates formed at the grain boundaries 
(dark areas). Besides, nano-size precipitates may form during sintering and are temperature 
sensitive. As shown in Figure 23, formed precipitates at 1280 °C disappeared in the sample sintered 
at 1300 °C. It was believed that these precipitates dissolve at around 1300 °C and leave the pits 






Figure 21. (a) Effect of layer thickness and sintering temperature on the density of alloy 718 parts produced by 





Figure 23. Scanning electron micrographs taken from sintered sample at (a,b) 1280 °C showing precipitate 
formation and (c,d) 1300 °C showing the partially dissolved precipitates [113]. 
Figure 22. Optical micrographs taken from the BJ3DP alloy 718 printed with the layer thickness of 100 µm and 
125 µm and sintered at different temperatures for 4 h [113]. Yellow arrows indicate porosity. 
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Nandwana et al. [17,37] reported powder characteristics and well as binder jetting from 
different powder size distribution from alloy 718 (shown in Figure 24), and studied various 
shrinkage and densification in which smaller powder particles experience higher linear shrinkage 
compared to the larger powder particles sintered at the same sintering temperature. Powder size 
distribution of fine, medium and large powder particles was shown in Figure 24a. The plot 
comparing the apparent, tapped and powder bed densities for three powder size distribution was 
illustrated in Figure 24b. It was seen that different density measurements were higher for the 21 
μm suggesting that it was possible to get a binder jetted part with higher green density compared 
to two other powder types. Typically, the powder bed density was between the loose and tapped 
density values. The finer the powders, the poorer they pack due to high inter-particle frictional 
forces which was the case for 7 μm powders. It was seen that the 21 μm powders had the highest 
tapped and powder bed densities due to the fact that wider powder size distributions skewed 
towards the finer particle diameters result in higher bed densities as seen for 70 μm and 21 μm 









Linear shrinkage can be defined as δL/L in which Lo and L are dimensions of the green part 
and sintered parts, respectively. In the work by Nandwana et al. [26], shrinkage of different powder 
size was studies experience solid-state and supersolidus liquid phase sintering (SLPS) and results 
are given in Figure 25a. It was seen that the finest powder showed the maximum shrinkage at all 
sintering temperatures. Two other powders, 21 μm and 70 μm, showed a cross-over point at ~1250 
°C indicative of a change in the sintering mechanism from solid-state sintering to SLPS. Liquid 
volume fractions for three powders was shown in Figure 25b and it was found that 21 μm feedstock 
had a liquidus temperature that was about 30 °C and 40 °C higher than the 7 μm and 70 μm 
feedstock, respectively. During SLPS, one should know that the shape loss happens in the 
Figure 24. (a) Powder size distribution from gas atomized alloy 718. (b)  Scanning electron micrographs with two 
magnification for (c) 7 μm, (d) 21 μm, and (e) 70 μm powder particles [17,37]. 
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compacts if the liquid volume fraction increases beyond 40% [114]. As the main purpose of authors 
was to study the liquid phase during SLPS, therefore the linear shrinkage was an unbiased 
parameter compared to change in sample heights. However, one should keep in mind that in BJ3DP 
of metallic powder, shrinkage in X and Y directions are mostly similar while it can be higher in Z 
direction (built direction). For one thing, if the compaction during rolling powder is not high 
enough, then it may be one reason of why shrinkage in Z direction would be higher than X and Y 
directions. Gravity could be another reason however as the sample size was small and sintering 
was done bellow solidus temperature, then it might be due to the fact that the binder filled space 
between each layer and therefore, part would have experienced higher linear shrinkage in Z 
direction. Finally, knowledge of feedstock chemistry and printing process are necessary to 
determine suitable sintering processing for solid-state sintering, liquid phase sintering or 
Supersolidus liquid-phase sintering of metallic powder resulting desired density, microstructures 




Figure 25.  (a) Shrinkage for the three different powder sizes as a function of temperature, (b) Temperature 
dependence of liquid volume fraction for the three different powder samples based on Thermocalc calculations, 
(c-f) Optical micrographs comparing porosity in 7 μm, 21 μm, and 70 μm samples sintered at 1290 °C and the 
reduction in porosity of 21 lm sintered at 1330 °C [26]. 
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It is seen in Figure 26 that the smaller powder particles (7 μm and 21 μm powders particle 
size) exhibited nodule like structure on individual powder particles while it was not the case for 
large power size distribution (70 μm powder particle size). Generally, as the mean particle size 
increases, the lower binder saturation level is needed during binder jet printing thus it can be one 
reason why large powder particle does not show any visible neck formation or the presence of 
nodules. Besides, it might be associated to the higher surface area of the small powder particles 
indicative of a change in the sintering mechanism. On the other hand, solid-state sintering is driven 
by reduction in surface energy per unit volume and thus, smaller size particles densify at a higher 
rate. Solid-state sintering usually happens in three stages including (1) initial stage involving 
necking and grain growth, (2) intermediate stage resulting in shrinkage and densification, and (3) 
final stage by elimination of close pores and dense microstructure formation.  
Figure 26. SEM micrographs taken from BJ3DP alloy 718 with three different powder sizes and sintered at two 
temperatures. Here, dependence of neck size on particle size and sintering temperature in solid-state sintering regime 
is illustrated [26]. Binder saturation level was reported as 80%, 80% and 70% for sample printed from powder size 
of 7 μm, 21 μm and 70 μm, respectively.  
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To develop a relationship between powder size and shrinkage, it is vital to comprehend the 
kinetics of mass transport across powder particles. Kuczynski [95] and Rockland [94] determined 
the mechanism of sintering in metallic particles based on whether grain boundary or volume 
diffusion dominates on the material transport mechanism. It is worth noting that both grain 
boundary and volume diffusion may occur simultaneously in the complex materials. By using 
Rockland’s equations Rockland [94] in conjunction with Rahman’s evaluation [103], we can 




 𝛼𝛼 𝑡𝑡𝑚𝑚𝑎𝑎𝑛𝑛     (2-2) 
where t is time, a is particle diameter, and m and n are exponents for time and particle size, 
respectively. 
If the Supersolidus liquid-phase sintering mechanism is present during sintering process, 
meaning that materials are heated above the solidus temperature to enhance the diffusion within 
liquid in contrast to solid-state sintering in which the boundary and volume diffusivity are 
dominate. Figure 25c-e illustrated the optical micrographs of the three powders sintered at 1290 
°C. Image analysis results showed that the closed pore density was below 1% for 7 μm and 70 μm 
powders while 21 μm powder had about 10% open pores. These results agreed with Archimedes 
method. As shown in Figure 25b, the 21 μm powder had lower liquid volume fraction (~3%) while 
it was ~35% or more for two other powders. Kingery [96] described quantitative aspects of liquid 
phase sintering and Liu et al. [115,116] expanded it for the SLPS, thus the main factors influencing 
shrinkage during isothermal SLPS can be expressed as follows: 
𝛿𝛿𝛿𝛿
𝛿𝛿
 𝛼𝛼 𝑡𝑡𝑚𝑚𝑎𝑎𝑛𝑛𝐹𝐹𝑝𝑝      (2-3) 
where F = f l/(1-f l)2/3 with f l being the liquid volume fraction and p being the exponential. 
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As presented in section 2.2, printing parameters and sintering condition as well as powder 
characteristics affect the microstructural evolution during densification. Microstructural evolution 
during SLPS of alloy 718 was studies by Nandwana et al. [26] as shown in Figure 27. Scanning 
electron micrographs taken from the 7 μm and 21 μm samples showed homogeneous equiaxed 
fine-grained austenite phase with average grain size of 25 μm in which carbides were distributed 
at the grain boundaries as well as within the grains. In contrast, the 70 μm sample exhibited 
multiple phases in the microstructure such as (Nb,Ti)C, Laves, and delta phase (δ) revealing of 
strong Nb partitioning to the liquid phase during sintering at 1290 °C. These phases were detected 
in channels between the coarse equiaxed grains. Electron microscopy observation at higher 
magnifications confirmed presence of gamma double-prime phase (γ”, [Ni3(Nb,Al)]) with dis-
shape morphology in which γ” size changed from hundreds of nanometer in the vicinity of the 
Laves phase at the grain boundary to a few nanometers closer to the center of the grains [26]. 
Elemental analysis results confirmed that the precipitated in  7 μm and 21 μm samples (see Figure 
27 a-b or original images with elemental map micrographs in [26]) are enriched C, Ti, Nb element 
while being depleted from other elements. In case of the 70 μm sample, the carbide and the Laves 
mutually exist in which the carbide phase is rich in C, Nb and Ti while being depleted in Ni and 
the Laves phase is richer in Nb and Ni. On the other hand, the presence of higher amounts of 










Alloy 625, also known as Inconel 625, is a nickel-based superalloy which is used in various 
engineering applications such as jet engines, pipelines, and structural materials [108]. The main 
difference between alloy 625 and 718 is the absence of aluminum element and, therefore, 
γʹ [Ni3(Al, Ti)] does not form. The main superior properties of alloy 625 compared to alloy 718 
are better general corrosion resistance and long-term high-temperature stability. The main 
strengthening mechanism in alloy 625 is solution hardening; however, precipitation hardening also 
plays an important role in hardness, tensile strength and creep strength by formation of gamma 
double prime phase, γ″, [Ni3Nb]. Additionally, intermetallic and carbide precipitates can form after 
an aging process between 550 and 750 °C. Since the precipitates of γ” and Laves phases such as 
Ni2(Cr,Mo) are generally between 10 and 50 nm in size and coherent with the matrix, a major 
source of strengthening in the alloy 625 is coherency strain [117,118]. The lattice mismatch 
between precipitates and the matrix plays a crucial role in the process of co-precipitation [119].  
Mostafaei et al. [52] studied the effect of sintering temperature and post-heat-treatment 
processes on the binder jetting of vacuum-melted argon atomized alloy 625 powder. Detailed 
analyses on the powder size, morphology, size distribution, and phase and thermal behavior were 
conducted, as illustrated in Figure 28. Spherical powders with size distribution from 14 to 65 μm 
Figure 27. Scanning electron micrographs comparing microstructures of alloy 718 samples printed from three 
different powder particle size and then sintered to attain maximum density of 99.9% [26]. 
 66 
and average of ~32 μm were binder jetted using an M-Flex printer (ExOne Company) into a part 
with a layer thickness of 100 µm and a water-based binder. The solidus and liquidus temperatures 
were reported as 1304 °C and 1334 °C, respectively. The applied sintering experiment was ranging 
from 1200 °C to 1300 °C with holding time of 4 h. Optical and electron microscopy observations 
showed that density was increased from ~70% for the sintering temperature of 1200 °C to 99.6% 
for the sintering temperature of 1280 °C. As density increased, shrinkage and shape change can 
occur in binder jetted parts. The green part density in the BJ3DP part is between 40% and 50% 
and the measured green density of the cured part was 53%. Linear and volume shrinkage 
measurements confirmed that as the sintering temperatures increased, shrinkage happened in the 
printed parts in which the maximum dimension and volume changes of ~19% and ~46% were seen 
for the sintering temperature of 1280 °C. It was noted that the sintering temperature higher than 
1280 °C resulted in the liquid phase formation at the grain boundary, which might have a 
detrimental effect on the mechanical properties. Sintering at higher temperature (up to 1300 °C) 
led to the pore coarsening and its effect on density during final-stage sintering is a well-established 
phenomenon. The average pore diameter for the sintering temperature of 1280 °C was <4 μm, 
while sintering at 1300 °C resulted in pore coarsening to a diameter of 10 μm. Besides, grain 
coarsening has happened where the grain size of 55 ± 15 μm (sintered at 1280 °C) was increased 
to 182 ± 31 μm (sintered at 1300 °C). As expected, microhardness values were increased from 
~110 HV0.1 to 240 HV0.1 as the density of the sintered part increased from 70% to 99.6% (sintered 
samples at 1200 °C and 1280 °C, respectively). Mechanical testing showed that the highest 
ultimate tensile strength (UTS) of 612 MPa, yield strength of 327 MPa, and fracture strain of 
40.9% were achieved for the sintered part at 1280 °C, which was comparable to traditionally cast 
alloy 625 parts. Higher sintering temperature led to a reduction in the microhardness due to grain 
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coarsening and elemental segregation at the grain boundaries. After finding the optimum sintering 
temperature for the BJ3DP Ar-atomized alloy 625, post-heat-treatments including solutionizing 
and aging were conducted and followed by phase analysis, electron microscopy observation, and 
mechanical testing. Electron microscopy observation indicated that different phases appeared 
resulting from various heat treatment conditions. Carbides and topologically close packed phases 
(TCP) phases precipitate intergranularly with the nano- and micro-sized phases formed both inter- 
and intragranularly. XRD peaks and SEM observation on the sintered, solutionized, and aged 
samples indicated γ-Ni matrix with the carbides contained Nb and Mo elements. TCP phase as 
well as Cr2O3 were formed at the grain boundaries as well as in the grains. Microhardness testing 
results revealed that the post-treatment can increase hardness value up to ~330 HV0.1 after the aging 
procedure. The solution-treated and aged samples were tensile tested, showing a UTS of ~590 
MPa and ~700 MPa, respectively. Additionally, the highest ductility of 45% was gained from the 
solution-treated sample and it dropped to 30% after aging treatment. Microstructure studies on the 
sintered and aged samples showed that unlike the solution-treated sample, precipitates such as 
carbide and TCP phases may form in the microstructure, resulting in the differences in the 
elongation, yield stress, and strength values, as well as microhardness values as given in Figure 
28. Ozgun et al. [108] showed that powder injection molded (PIM) alloy 625 (with size distribution 
of 4-27 μm and sintered at 1290 °C) had equiaxial grains with an average grain size of 100–150 
μm in which the yield strength, tensile strength, elongation, and hardness values were 351 MPa, 
650 MPa, 45% and 208 HV0.1, respectively, and they changed to 385 MPa, 650 MPa, 40% and 313 




Figure 28. (a) SEM micrographs of the alloys 625 powder, (b) powder size distribution, (c) DSC-TGA curves of the 
alloy 625 powder, (d) optical micrographs of the sintered parts, (e) relative density of samples sintered at different 
temperatures ranging from 1200 to 1300 °C, (f) dimension and volume variations of the sintered samples depending 
on sintering temperature, (g) SEM micrographs taken from the sintered samples, 
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Figure 28 (continued) (i) XRD patterns of the binder jetted parts experiences different heat treatment conditions, (j) 
SEM micrographs of the differently heat treated parts, (k) SEM micrographs taken from the fracture surface of the 
differently heat treated parts, (l) microhardness results, (m) typical tensile results of the sintered, solution-treated, and 




3.0  HYPOTHESIS 
Binder jet 3D printing with controlled post-print heat treatments is capable of producing 
parts with controlled density, desirable microstructure and mechanical properties. As mentioned 
earlier, there is no heat input during printing process therefore the problem of residual stress is 
negligible in binder jetting compared to beam-based additive manufacturing techniques. 
Depending on the powder mean size, morphology and distribution span, parts with complex 
geometry and designed porosity can be binder jetted and then consolidation can be conducted by 
sintering process. Based on the application, fairly porous to near full density parts with controlled 
microstructure can be achieved by applying proper sintering and post heat treatment conditions. 
Recently, researchers have printed and qualified the Ni-based superalloys at 99% relative 
density using BJP with a binder, which no longer needs infiltration of another element [26]. 
Without any thermal residual stress/distortion in BJP-printed parts, this streamlined manufacturing 
process makes BJP much more attractive for manufacturing complex parts out of Ni-based 
superalloys. To enable wide adoption of this BJP technology by the manufacturing industry, the 
porosity and mechanical properties of the Ni-based superalloys parts fabricated by this technology 
needs further improvement. It is well-known that the most important microstructure characteristic 
affecting mechanical properties is porosity [113]. This is because pores suffer from high stress 
concentrations, which promote the initiation and growth of cracks. As such, reducing porosity in 
printed parts made by BJP is currently the top priority. The reduction of porosity can be achieved 
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by studying the effects of powder properties, process parameters, and post-processing parameters. 
While the ability of AM to manufacture complex parts is a demand in various industries, it is 
important to better understand the processing microstructure property before widely adopting the 
technology and the main hypothesis here is the possibility of producing BJ3DP parts from alloy 
625 with the same or even better properties as cast alloy material. 
Kinetic models of sintering use simple geometries to model the microstructure evolution 
during densification in a series of stages including initial, intermediate and final steps. The initial 
stage of sintering involves densification by growth of isolated necks at particle contacts and is 
usually employed to model a limited range of densification [93,94]. When neck begin to overlap 
intermediate stage sintering models are employed. The pores remain open and are approximated 
as cylindrical pores channels until the pores begin to pinch off at bulk densities above ~92%. In 
final stage sintering pores are represented as relatively small spheres at grain corners. Throughout 
final sintering stage, grain growth accelerates causing rapid increase in the diffusion length and 
consequent decrease in densification rate which can limit the final density [95,96].  
The alloy chemistry is also an important factor in selecting the optimized process temperature. 
It is vital to determine the correct sintering temperatures for attaining full density and, therefore, 
optimum mechanical properties. Along with the alloy chemistry, the particle size distribution has 
a direct impact on sintering kinetics. Yan et al. reported that the addition of small powder particle 
enhances surface area and reduces sintering temperature [121]. Green part density and flowability 
of powder mixtures are characteristics of these materials which depend on partic1e morphology, 
powder size particle size distribution [122]. The green density of a powder mixture increases with 
the addition of large particles to a small particle matrix. Typically, porosity (in terms of percentage, 
distribution and size) of powder metallurgy (P/M) compacts is affected by initial powder size. 
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Small powder particles produce a high quantity of small pores distributed through the entire part; 
while large particle size produces a small number of big pores, heterogeneously distributed in the 
sample. Randall German [76,80,122] showed that how the particle size distribution might be used 
to improve the pore size distribution and final properties. Generally, mono-sized and bimodal 
particles can produce wide pore size distributions in the microstructure of the green part. Besides, 
use of broad particle size distributions is an alternative to enhance green part density and attain 
high density of the sintered part with improved properties. It is necessary to point out if the 
composition of small and large powders are different, it may affect densification behavior due to 
chemical reaction at boundaries. Further grain growth, pore-grain boundary interactions, and pore 
coarsening may postpone densification. 
The main hypotheses of this research are: 
1.  Powder characteristics such as morphology and size distribution affect densification 
behavior of BJ3DP alloy 625 parts. 
2. Microstructure and mechanical properties of BJ3DB alloy 625 samples are comparable 
with cast and/or powder injected molded samples, if samples have 99% or more relative density. 
3. The fatigue life of BJ3DB alloy 625 parts is affected by surface treatment if parts have 
a density of 99% or higher. 
4. The dominating densification mechanism during isothermal sintering depends on 
powder size distribution, average particle size, and sintering temperature.  
By varying the sintering temperature of different samples and measuring density at 
multiple time periods during sintering, the densification rates and effectivity can be analyzed. 
When this resulting data is paired with grain measurements received through quantitative 
stereology, the sintering kinetics of the metal are evaluated. By having the database developed, 
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significant value will be added to the knowledgebase of Ni-based alloy 625 fabricated by the 
BJ3DP process. For instance, the materials data can be employed by designers to feed 
computational models to predict part performance with confidence. Ultimately, the availability of 





4.0  OBJECTIVES 
Alloy 625 (or Inconel 625) is a nickel-based superalloy which is used in various 
engineering applications such as jet engines, pipelines and structural materials [108]. The main 
difference between alloy 625 and 718 is the absence of aluminum element and therefore γʹ [Ni3(Al, 
Ti)] do not form. The main superior properties of alloy 625 compare to alloy 718 can be better 
general corrosion resistance and long-term high temperature stability. The main strengthening 
mechanism in alloy 625 is solution hardening; however, precipitation hardening also plays an 
important role in hardness, tensile strength and creep strength by formation of gamma double 
prime phase, γ″, [Ni3Nb]. Additionally, intermetallic and carbide precipitates can form after an 
aging process between 550 and 750 °C. Since the precipitates of γ” and Laves phases such as 
Ni2(Cr,Mo) are generally between 10 and 50 nm in size and coherent with the matrix, a major 
source of strengthening in the alloy 625 is coherency strain [117,118]. The lattice mismatch 
between precipitates and the matrix plays a crucial role in the process of co-precipitation [119]. It 
is apparent that the required microstructure can be gained by applying various heat treatment 
processes. In fact, the mechanical properties at elevated temperature strongly depend on the 
microstructure of the printed part. It is even more important in the presence of other precipitates 
such as carbides, σ and δ precipitates. Thus, formation and distribution of these phase should be 
precisely investigated in the microstructure and their influence on the long-term performance 
would be important. 
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Generally, two common techniques are used to produce nickel-based alloy powders: (1) 
gas atomization (GA), leading to spherical particles that pack to higher density, and (2) water 
atomization (WA), leading to irregular particles with better shape retention ability and lower cost 
[47]. Although GA powder is most commonly used for manufacturing of Ni superalloy 
components, higher costs are a consideration. To achieve required material characteristics such as 
ductility, strength and corrosion resistance, microstructural evolution during sintering is crucial. 
For injection molded WA and GA stainless steel powder, sintering results in 97% density for WA 
powder samples, while GA powder parts sintered to near-full density due to particle morphology, 
initial green density and particle chemistry [47]. For WA and GA Ni-based alloy powder, a denser 
microstructure was reported for GA samples than WA samples because of lower oxygen content 
and higher packing density of GA powder [49].  
It is well-established that the final microstructure of a sintered body depends on the powder 
properties (e.g. powder size, particle size distribution and morphology), the green microstructure 
and sintering processing parameters (e.g. temperature and holding time) [93,121,123,124]. The 
main categories of sintering are solid-state and liquid-phase sintering [93,100]. Solid-state 
sintering occurs by solid state diffusion mechanisms that result in densification. In liquid-phase 
sintering, some volume of liquid is present, typically in small amounts to facilitate the sintering 
process. The prevalence of each depends on the sintering temperature.  
Mechanical surface treatments play an important role in improving surface roughness and 
fatigue resistance by producing a compressive residual stress in the surface region of metallic parts. 
The compressive stress results in a delayed crack initiation and retarded crack propagation. There 
has been only limited investigation into the fatigue life, crack propagation, and fracture toughness 
of additively manufactured alloy 625 [125,126]. It was reported that the fatigue life of the cast and 
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additively manufactured parts is significantly lower compared to the wrought material [127]. 
While this report did not demonstrate the root cause of the lower performance, a different 
investigation into Ti-6Al-4V [128] demonstrated four key factors for fatigue performance: (1) 
residual stress, (2) microstructure, (3) porosity, and (4) surface finish. These four factors will be 
investigated as possible factors influencing fatigue performance.  
In recent decades, substantial progress has been made in the understanding, development and 
utilization of additive manufacturing processes. Binder jet 3D printing (BJ3DP), a non-beam 
based, additive manufacturing (AM) method, refers to the technology in which powdered material 
is deposited layer-by-layer and selectively joined in each layer with binder and then densified 
through sintering. Binder jetting holds distinctive advantages among additive manufacturing 
technologies due to its fast, low-cost manufacturing; stress-free structures with complex internal 
and external geometries; and the isotropic properties of the final printed parts. Many studies have 
been carried out on the densification of the BJ3DP parts from nickel-based alloys [25,26,33–
35,113,129,130], titanium [131–133], iron-based and stainless steels [134–139], copper alloys 
[37,140], cobalt-based alloys [141,142], and magnetic shape memory alloys [143,19,144]. 
However, there is much less literature on the kinetics of sintering, evolution in microstructure and 
the mechanical properties of the binder jetted parts. Consequently, following challenges are the 
objectives of this project and results are compared with cast alloy and/or powder injection molded 
alloy 625: 
 Studying the powder morphology (resulted from different atomization methods) and 
sintering condition effect on the densification, microstructural evolution and mechanical 
properties of the gas and water atomized powders. Effect of differently heat treatment such 
as solutionizing and aging treatments on the microstructural evolution, phase formation 
 77 
and mechanical properties of the BJ3DP alloy 625 parts. It is predicted to attain relative 
bulk density of ~99% with equiaxed microstructure and mechanical properties such as 
hardness and tensile strength similar to cast alloy and or P/M parts made from alloy 625. 
 Surface finish effect (e.g. as-sintered and mechanically ground surface) on the fatigue 
behavior of the BJ3DP part from GA alloy 625. The fatigue behavior of cast alloy 625 has 
been summarized in Refs. [126,127]. Despite some investigation into the fusion processes 
of metallic materials, there is little information on the fatigue behavior of BJP parts made 
from metallic materials. While earlier BJP studies [19,24–26,33,145–151] pertain to 
densification, microstructural analysis, hardness and a few investigations into tensile 
property characterization, we aim to evaluate the fatigue properties of alloy 625 created 
with BJP. Specifically, samples in their as-sintered and polished state will be characterized, 
and tested in fatigue. An improved understanding of fatigue performance will guide the 
printing and post-processing of alloy 625 in real-world applications. It is expected to reach 
a fatigue life of 100,000 cycles as the applied stress is ~300 MPa. 
 Influence of powder size and particle size distribution on densification and linear 
shrinkage of differently sintered binder jetted parts was studied with particular emphasis 
on microstructural evolution. In particular, the correlation of the kinetics of densification 
with grain/pore intercept length, pore separation, surface area per unit volume, volume 
strain rate and number of pore sections per unit area were evaluated for binder jetted alloy 
625 for powders of different particle size distributions at sintering temperatures below the 
solidus. It will be studied how powder mean sized and particle size distribution affect 
densification kinetic and final microstructure, if printing parameters such as layer 
thickness, binder saturation and drying time are similar.  
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5.0  MATERIALS AND METHODS 
 BINDER JET 3D PRINTING OF ALLOY 625 
Differently atomized alloy 625 powder including air melted nitrogen atomized (NA) and 
air melted water atomized (WA) powders were supplied by Carpenter Technology Corporation 
(for gas atomized powders) and HAI Advanced Material Specialists, Inc. (for water atomized 




Table 1. EDS composition of WA and GA nickel-based alloy 625 powders and oxygen and carbon content of as-
received powders and printed/sintered samples [wt.-%]. 
 Composition in atomic weight percent [wt.-%] 
Elements Ni Cr Fe Nb Mo Al Ti Co Mn Si O C O C 






















WA powder (provided) Bal. 21.8 3.6 3.5 9.3 <0.4 <0.4 <1.0 0.4 - 
WA powder (EDS) Bal. 16.9 3.7 3.7 8.7 0.05 0.16 0.62 0.8 0.7 
NA powder (provided) Bal. 21.5 4.2 3.3 8.9 - - - 0.4 0.4 
NA powder (EDS) Bal. 21.8 4.4 3.6 8.0 0.02 0.02 0.22 0.4 0.5 
WA 1.90 0.09 1.43 0.65 




Powder morphology and elemental composition analyses were conducted with a JEOL 
(JSM 6510) scanning electron microscope (SEM) equipped with energy dispersive X-ray 
spectroscopy (EDS). X-ray diffraction (XRD) was performed on a PANanalytical EMPYREAN 
diffractometer with a Co Kα radiation source (λ = 1.79 Å, 40 kV, 40 mA) and 2θ scans from 35° 
to 120°. The particle size distribution (1 g each suspended in isopropyl alcohol to prevent 
agglomeration) by volume and number was analyzed with a Microtrac S3500 tri-laser diffraction 
particle analyzer via spherical and non-spherical particle algorithms. Phase transformation 
temperatures (solidus, solvus) were measured with a TA Instruments Q 600 differential scanning 
calorimeter (DSC) by heating powder samples to 1350 °C at 10 °C/min in ultra-high purity Ar 
(100 mL/min).  
General morphology and internal porosity of powder particles and as-printed samples were 
visualized with a Bruker SkyScan1272 micro-computed tomography scanner (µCT) at 100 kV and 
100 μA and a 0.11 mm Cu filter, averaging of 10 frames, and angular range of 0°–180° with 0.2°-
0.3° steps. Powder samples were filled into a low absorbance 1.5 mm plastic straw, compacted to 
reduce particle movement and scanned without random movement. 
To manufacture parts, an M-Flex ExOne binder jet printer (BJP) was used as detailed in 
[15]. The water based binder was provided by ExOne Company with the compositions of ethylene 
glycol monobutyl ether (10 volume percent, CAS # 111-76-2) and ethylene glycol (20 volume 
percent, CAS# 107-21-1). Binder saturation level was 70% during print. After printing, the fragile 
GA and WA parts (“green parts”) were cured at 175 °C in a JPW Design & Manufacturing furnace 
and then sintered in a Lindberg tube furnace in an alumina powder bed under vacuum with the 
following heating profile: heating at 5 °C/min from room temperature to 600 °C, 3.2 °C/min to 
1000 °C, 2.8 °C/min to the holding temperature ranging from 1200 °C to 1300 °C, holding for 4 h 
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and then cooling at 1 °C/min to 1200 °C, 3.1 °C/min to 500 °C and finally cooling down to room 
temperature. Five samples for each combination of sintering temperature and powder type were 
prepared. After sintering, samples with highest density were solution treated at 1150 °C for 2 h 
and aged at 745 °C for 20 h. 
Density and volume changes (shrinkage) of the as-printed and sintered samples were 
measured via the Archimedes principle with an OHAUS AX324 precision balance (0.1 mg 
resolution). Density of the sintered samples was also determined from sample cross-sectional 
optical micrographs with the ImageJ image  analysis software [152]. For microstructural 
examination of the sintered coupons, cross sections were cut from the specimens, mounted, ground 
and polished using a Struers Tegramin-25 automatic system according to [153]. After surface 
preparations, samples were etched with a Kalling solution (ASTM E407, # 94) and micrographs 
were taken with a Keyence digital optical microscope (OM) (dark field Z20 lens and multi-diffused 
adapter). Microstructural characterizations, compositional analysis and fractography were 
conducted with a JEOL JSM 6510 SEM equipped with EDS. The d-spacing values and lattice 
parameters were determined with the same XRD and scan parameters used for as-received powder. 
Carbon and oxygen contaminations were detected with LECO TC600 Oxygen/Nitrogen and 
CS844 Carbon/Surfur Analyzers. 
Vickers microhardness tests were performed on the cross sections of samples with a Leco 
LM 800 microhardness tester (100 gf for 10 s). Rate controlled tensile tests at 5 mm/min were 
performed using an MTS 880. Dimensions of the as printed sample were 125 mm long, 12.5 mm 
wide, 7.5 mm thick, and gage length of 29 mm. For the mechanical testing, an ASTM standard test 
method for tension testing of metallic materials (ASTM Standards, vol. 03.01. Designation E8-04) 
was used. 
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 FATIGUE LIFE STUDIES 
The sample geometry for fatigue study was designed according to ASTM E466-07 [154] 
and 60 samples were printed using an M-Flex ExOne binder jet printer with processing parameters 
as presented in Refs. [52]. The green parts were cured to improve strength of the printed samples 
at 175 °C in a JPW Design & Manufacturing furnace and then sintered in a Lindberg tube furnace 
in an alumina powder bed under vacuum at 1285 °C for 4 h. A sintering temperature above the 
liquidus line for this composition was chosen to ensure liquid-phase sintering. The curved surface 
of the sintered samples was mechanically ground manually using a rotary tool (Dremel 4000, 
Dremel, Racine, Wisconsin, USA).  
The samples were fatigue tested in air using a hydraulically driven load-frame (MTS 880, 
MTS, Eden Prairie, Minnesota, USA) under a stress-controlled, sinusoidal waveform with a 
tension-compression condition at R = -1 with 5 Hz and 7 Hz frequency (for the as-sintered and 
mechanically ground samples, respectively) where R = σmin/σmax and σmin and σmax are the applied 
minimum and maximum stresses, respectively. The run-out limit was set to 107 cycles. 
Engineering stress values were selected between 175 MPa and 375 MPa with 25 MPa intervals. 
As presented in our earlier study [33], yield strength of the BJ3DP alloy 625 is 376 ± 14 MPa. For 
each specimen, the central diameter of the curved surface was measured in order to calculate the 
required force for each test condition. Before fatigue testing, some samples were sectioned for 
metallographic examination using SEM. SEM was used to observe the fracture surfaces.  
Surface roughness profiles were measured using a stylus profilometer (Alpha-Step IQ, 
KLA-Tencor, Milpitas, California, USA). A 5-µm radius tip was used with a 16.5 mg load. 
Measurements were performed with a scan length of 5 mm, a scan rate of 10 µm/s, and a data 
sampling rate of 100 Hz. This yields points every 100 nm in lateral position. Scans were conducted 
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parallel to the long axis of the sample at 10 different radial positions along the circumference. In 
all cases, the data is tilt-compensated by subtracting out the mean line, and also parabola-
compensated to remove the contribution of overall sample geometry from the measurement of 
surface topography. 
The surface morphology and roughness of the specimens were also analyzed by an optical 
profilometer (ContourGT, Bruker, Billerica, MA, USA). The print direction was determined by 
observing the horizontal print lines on the end of each sample. The flat sample end was then 
marked perpendicular and parallel to the print direction with the perpendicular direction being 
north (N) and south (S) and the parallel direction being east (E) and west (W). Each of these 
quadrants was bisected and respectively marked NE, NW, SE, SW for a total of 8 measurement 
directions. For each direction, a scan was performed with an objective lens with magnification of 
5X, resulting in sample sizes of approximately 1 by 0.75 µm. 
To evaluate the extent of sub-surface deformation and stress, microhardness testing was 
performed on cross-sections of the samples. Square coupons of material were printed and sintered 
under identical conditions as the fatigue samples, and subjected to identical mechanical grinding. 
The samples were then sectioned using a low-speed diamond saw (Allied TechCut 4). The cross-
section was ground (240-1200 grit SiC grinding paper) and polished (using first 1.0 μm and then 
0.5 μm alumina particles). Then, the cross-section surfaces were subjected to Vickers 
microhardness testing using a Leco LM 800 Microhardness Tester under 25 and 50 gf loads with 
a dwell time of 10 s. The lines of testing were performed at angles of 5° and 15° with respect to 
the original surface in order to improve depth resolution. Crystallography parameters were 
identified using an x-ray diffractometer with Cu–Kα radiation (λ = 1.54 Å, 40 kV, 40 mA) with a 
step of 0.02°, a scan speed of 0.5 s/step and 2θ ranging from 35° to 95° at room temperature. 
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 KINETIC STUDIES 
Nitrogen gas-atomized alloy 625 powder was supplied by Carpenter Technology Corporation 
with the chemical compositions as given in [33]. Powder was sieved using a WS Tyler Ro-Tap 
shaker (model RX-29). A series of  USA Standard Test Sieves (ASTM E-11 standard) Fisher brand 
were used to sieve the powders with the following meshes: 250 (63 μm), 270 (53 μm), 325 (45 μm), 
400 (38 μm), 450 (32 μm), 500 (25 μm) and bottom pan (<25 μm) [54]. 10 kg of powder was sieved 
and then the powder caught by 53 μm sieve (powder size distribution between 53 μm and 63 μm) 
and the bottom pan (powder particle size below 25 μm) as well as the original powder (with size 
distribution of 16-63 μm) were binder jet 3D printed for study. The particle size distribution was 
analyzed using a Microtrac S3500 tri-laser diffraction particle analysis system via algorithms for 
spherical particles.  
Parts were grouped according to their powder particle size distribution (PSD) in three sets 
including (a) between 16 and 63 μm (full range original powder), (b) below 25 μm, and (c) between 
53 and 63 μm. Coupons from each set were then binder jet 3D printed using an X1-Lab printer 
(from ExOne Company) with the following parameters: a 100 μm layer thickness, binder saturation 
of 60%, spread speed of 15 mm/s, feed powder to layer thickness ratio of 2, heater power control 
dial set to 70% and drying time of 40 s. After printing, the green parts were cured at 200 °C in a 
Carbolite oven (model PF30) followed by a depowderizing step. The measured relative densities 
of 51.5 ± 1.1%, 45 ± 1.2% and 47.5 ± 0.7% were attained for the 16-63 μm, 16-25 μm and 53-63 
μm powders, respectively. 
To study densification behavior, three samples from each set were sintered in a Lindberg 
tube furnace under vacuum with the following heating profile: heating at 5 °C/min from room 
temperature to 600 °C, 3.2 °C/min to 1000 °C, 2.8 °C/min to the holding temperature (1225, 1240, 
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1255, 1270, 1285 or 1300 °C), holding for 4 h and then cooling at 1 °C/min to 1200 °C, 3.1 °C/min 
to 500 °C and finally cooling down to room temperature [52]. Additionally, a kinetic study was 
performed at three chosen temperatures (i.e. 1240 °C, 1270 °C and 1285 °C) over each set. Holding 
times varied from 0 to 12 h for each combination of conditions (PDS and temperature).  
The bulk density of the differently sintered samples was measured via the Archimedes 
principle with an OHAUS AX324 precision balance (0.1 mg resolution). In addition, the bulk 
density of the sintered samples was also determined from sample cross sectional optical 
micrographs with  ImageJ (image analysis software) [152]. For microstructural examination of the 
sintered coupons, cross sections were cut from the specimens, mounted, ground and polished using 
a Struers Tegramin-25 automatic system according to [153]. After surface preparation, samples 
were etched with a HCl:HNO3 solution (ratio of 3) and micrographs were taken with a Keyence 
digital optical microscope (OM).  
The parameters needed to represent the kinetics of densification and microstructure 
evolution of differently sintered BJ3DP gas-atomized alloy 625 samples included bulk density, 
apparent density (volume of solid and closed pores only), densification rate, linear shrinkage, grain 
size, pore size, pore separation, and the number of pores per unit area. The procedures to obtain 
these parameters are described as follows: 
Bulk density and apparent density were measured using the Archimedes method. The mass 
of each sample was measured while the sample was dry (Md). Afterwards, they were immersed in 
distilled water under vacuum condition for 24 h and then the mass of every sample was measured 
again under two different settings. The suspended weight (MS) was measured while the sample 
was still immersed in distilled water while suspended and the other mass (Mi) was measured 
immediately after sample was taken out of distilled water (at this time, the sample was still 
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saturated with water but outer surfaces were quickly dried by Kim wipe to remove only the excess 
water). Bulk density (𝜌𝜌𝑏𝑏𝑏𝑏𝑏𝑏𝑏𝑏) and apparent density (𝜌𝜌𝑎𝑎𝑝𝑝𝑝𝑝) were expressed as follows: 
𝜌𝜌𝑏𝑏𝑏𝑏𝑏𝑏𝑏𝑏 =   
𝑀𝑀𝑑𝑑 𝜌𝜌𝑤𝑤𝑤𝑤𝑤𝑤𝑤𝑤𝑤𝑤
(𝑀𝑀𝑖𝑖−𝑀𝑀𝑠𝑠)𝜌𝜌𝑤𝑤ℎ𝑤𝑤𝑒𝑒
     (5-1) 
𝜌𝜌𝑎𝑎𝑝𝑝𝑝𝑝 =   
𝑀𝑀𝑑𝑑 𝜌𝜌𝑤𝑤𝑤𝑤𝑤𝑤𝑤𝑤𝑤𝑤
(𝑀𝑀𝑑𝑑−𝑀𝑀𝑠𝑠) 𝜌𝜌𝑤𝑤ℎ𝑤𝑤𝑒𝑒
     (5-2) 
where (𝜌𝜌𝑡𝑡ℎ𝑒𝑒𝑒𝑒) was the theoretical density of alloy 625 (here the value 8.44 g/cm3), (𝜌𝜌𝑤𝑤𝑎𝑎𝑡𝑡𝑒𝑒𝑤𝑤) was 
theoretical density of water (1 g/cm3).  
Another property of interest is the densification rate �𝑑𝑑𝜌𝜌
𝑑𝑑𝑡𝑡
� during sintering. Generally, a 
logarithmic function properly fits the densification data, on the relative density versus time plot, 
and the densification rate can be obtained using the following equation: 
𝑑𝑑𝜌𝜌
𝑑𝑑𝑡𝑡
=  𝑎𝑎 𝑒𝑒𝑒𝑒𝑒𝑒 �𝜌𝜌1−𝜌𝜌
𝑎𝑎
�     (5-3) 
where ρ is the relative density (g/cm3), a is the slope of the relative density versus log time in hour, 
t is time (h), and ρ1 is the relative density at time equal to 1 h.  
Linear shrinkage �𝛿𝛿𝛿𝛿
𝛿𝛿
� in each direction was calculated based on the dimensional variation 
after each sintering experiment. Average pore separation, pore intercept and grain size were 
measured from the optical micrographs. Parallel test lines were drawn horizontally on each image 
taken at five randomly picked locations from each sample. The number of two kinds of intersection 
points were counted, i.e. solid-vapor interface and solid-solid interface. The fractional length of 
test line through the pore phase 𝐿𝐿𝛿𝛿𝑃𝑃 was measured, and then, Solid length fraction 𝐿𝐿𝛿𝛿𝑆𝑆  was calculated 
according to the following equation: 




      (5-4) 
where L was the whole length of each line and N was the number of lines on each image. 
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Then, it is assumed that the optical micrographs are representative of the whole sample, 
𝑉𝑉𝑉𝑉𝑃𝑃  ≈  𝐿𝐿𝛿𝛿𝑃𝑃 [155]. The number of solid-vapor interface intersection points per unit length on each 
line was defined as 𝑃𝑃𝛿𝛿𝑆𝑆𝑉𝑉 and the number of solid-solid interface intersection points per unit length 
was defined as 𝑃𝑃𝛿𝛿𝑆𝑆𝑆𝑆. Thus, the surface area per unit volume of pore perimeter (𝑆𝑆𝑉𝑉𝑆𝑆𝑉𝑉) and grain 
boundary (𝑆𝑆𝑉𝑉𝑆𝑆𝑆𝑆) can be calculated as follow: 
𝑆𝑆𝑣𝑣 = 2𝑃𝑃𝛿𝛿      (5-5) 
where 𝑃𝑃𝛿𝛿 is the number of intercepts per unit length of test line. Here, it is assumed that all pores 
are located on grain boundaries. The average grain intercept length (𝜆𝜆𝐺𝐺, the average distance in the 
solid phase between any types of boundary), average pore separation (𝜆𝜆𝑃𝑃𝑆𝑆, the average distance in 
the solid between pore boundaries) and pore intercept size (𝜆𝜆𝑃𝑃) can be calculated from the 
following relations [156,157]: 





𝑆𝑆𝑆𝑆     (5-6) 




𝑆𝑆𝑉𝑉       (5-7) 




𝑆𝑆𝑉𝑉       (5-8) 
Three dimensionless microstructural parameters including the intercept ratio (Λ, the mean grain 
intercept length to mean pore intercept length ratio), surface area ratio (ψ, the ratio of the surface 
areas of solid/solid to solid/vapor boundaries) and the mean pore spacing to mean grain intercept 
length ratio (Σ) are calculated from the following relations [157,158]: 
Λ =  𝜆𝜆𝐺𝐺
𝜆𝜆𝑃𝑃
      (5-9) 
 
Ψ =  𝑆𝑆𝑉𝑉
𝑆𝑆𝑆𝑆
𝑆𝑆𝑉𝑉
𝑆𝑆𝑉𝑉      (5-10) 
 
Σ =  𝜆𝜆𝑃𝑃𝑆𝑆
𝜆𝜆𝐺𝐺
      (5-11) 
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Finally, solid volume fraction and the number of pores per unit area are measured by using a digital 
micrographs software named ImageJ to create binary (black and white) images. To measure the 
number of pores per unit area, 2D images are used and number of pores are counted. It is necessary 
to point out that it is possible that on a 3D image, few pores are connected to each other while they 
are counted separately on 2D micrograph. Thus the reported number of pore per unit area represent 
number of pore sections on 2D images. 




6.0  RESULTS AND DISCUSSION 
 BJ3DP OF WATER AND GAS ATOMIZED ALLOY 625 
 Powder feedstock characterizations 
Powder particle micrographs showed irregular WA and spherical GA powder particles 
(Figure 29). Both types of particles had a dendritic microstructure typical for rapid solidification. 
µCT scans of as-received powders shown in Figure 29c and 1f confirm the SEM-observed powder 
particle morphology (irregular WA, spherical GA particles) and, additionally, revealed porosity 
within powder particles. Internal porosity that forms during rapid solidification in the powder 
atomization process was also seen in cross-sectional SEM micrographs (Figure 29b and 15e). 
Chemical compositions (as provided by manufacturer and as measured with EDS, Table 1) 
are all close to nominal alloy 625 composition. The main differences between the powder types 
were morphology, carbon and oxygen impurity content which was higher in WA (1.90 and 0.09 
wt.%) vs GA powder (0.04 and 0.01 wt.%, Table 1), and the average powder size and particle size 





Figure 29. Powders characterization: SEM micrographs of nickel-based alloy 625 powders: (a) WA powder and (d) 
GA powder. SEM cross sectional micrographs taken from the (b) WA and (e) GA powders showing pores inside the 
atomized powders. µCT scans of the as-received nickel-based alloy 625 powders contained in a plastic straw (c) WA 










DSC analysis of phase transformations of the powders (Figure 30b) identified the WA and 
GA powder solidus temperatures at 1253 °C and 1283 °C, respectively. The melting of WA powder 
began at 1253 °C and ended at 1305 °C, which was lower than the range of reported values of cast 
alloy 625 materials between 1290 and 1350 °C [159]. However, melting of the GA powder began 
at 1283 °C and ended at 1323 °C, which was within the reported range [159] and close to the 
solidus of 1294 °C for alloy 625 powder [160]. The differences between reported and measured 
solidus and liquidus temperatures were due to: (1) difference in chemical composition (including 
oxygen and carbon), (2) difference in median particle size [49] and (3) lower specific surface 
energy of bulk samples resulting in higher solidus and liquidus temperatures of cast material [105]. 
Considering the measured transformation temperatures, the sintering temperature range was 
selected to be 1225-1300 °C, covering low density to liquid phase sintering. Subtle peaks in the 
TGA heating curves of the WA and GA powders can indicate dissolution of γ′′ phase and carbides 
during the heating process, as reported by Zhang et al. [49]. Since no peaks were observed for as-
received GA powder, γ′′ phase and carbide precipitates were small or non-existent; however, there 
was a small peak on the TGA curve of the WA powder at about 1100 °C suggesting dissolution of 
carbides/Laves or even thin oxide layer on the outer surface of the WA powder in the matrix and 
consequently a eutectic reaction. 
  Shrinkage and relative density measurements 
Figure 31 shows µCT cross sectional images of WA and GA green parts with densities of 
~50% and 60%, respectively. Lower density in the parallel lines indicate an irregular powder 
distribution in printing direction. Immersion tests of green samples showed 42% (WA) and 55% 
(GA) overall densities, similar to the µCT results.  
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The volume changes for different sintering temperatures showed that WA samples shrunk 
more than GA samples sintered at the same temperature (Figure 32a). Sintered at 1225 °C, WA 
samples shrunk 47%, GA samples 27%. Maximum shrinkage was reached at 1285 °C and above, 
resulting in 46% (GA) and 57% (WA) shrinkage, which is similar to the reported ~46% (or 18% 
dimensional reduction) for BJP argon GA alloy 625 sintered to 99.0 ± 0.6 %  density [52] and 20% 
dimensional reduction for BJP alloy 718 for optimum sintering to 98.5% density [113]. The main 
reason for the difference between WA and GA samples is the difference in powder morphology 






Figure 32. (a) Average shrinkage values of the WA and GA nickel-based alloy 625 sintered samples depending on 
sintering temperature. (b) Relative density of the GA and WA nickel-based alloy 625 samples based on the optical 
micrograph analysis using ImageJ software and Archimedes method. Data points are staggered at each temperature 




Figure 32b shows densification curves of WA and GA sintered samples analyzed with OM 
ImageJ image analysis and Archimedes’ water displacement methods [152]. WA samples sintered 
at 1270 °C reached a maximum relative density of 95%, GA samples sintered at ≥ 1285 °C 
achieved > 99%. Between 1225 and 1270 °C, the density for both WA and GA samples increased, 
with WA samples denser than GA by 0.04-0.25 g/cm3 (Figure 32b). The same trend was seen in 
OM image analysis results (Figure 32b). WA powder particles have more contact area which 
facilitates their sintering behavior compared to spherical powder particles (e.g. GA powder). 
Additionally, the higher density in WA samples was probably partially due to the lower solidus 
temperature of WA compared to GA powder (see Figure 30b). There was also a slope change on 
the TGA curve of the WA powder (Figure 2b) at temperatures between 750 °C and 1100 °C 
suggesting a dissolution of carbides/Laves (or probably oxide) in the matrix and consequently a 
eutectic reaction which would lower the melting temperature as well [1,9]. Therefore, liquid phase 
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sintering was active for WA samples sintered at 1255 °C and 1270 °C. After sintering at 1270 °C, 
the relative density of WA and GA samples was close to 95%. With sintering > 1270 °C, GA 
powder samples densified more while WA sample density dropped slightly. The WA density 
decrease was caused by surface melting, causing low density alumina to adhere to the powder 
surface, as seen in Figure 3b. Since the solidus temperature of GA powder was 1283 °C, liquid 
phase sintering was active during sintering > 1283 °C with a maximum GA sample density of 
99.2%.  
Particle sizes and size distributions were similar for WA and GA powders, as were the BJP, 
curing and sintering processes of the WA and GA samples. Therefore, differences in the 
densification are attributed to powder chemistry and powder morphology. µCT scans of as-printed 
samples revealed that parts printed with the irregular-shaped WA powder resulted in a ~10% lower 
green density parts than parts printed with spherical-shaped GA powder. Powder injection molded 
alloy 625 parts with an average powder particle size of 11.1 μm sintered at 1300 °C/3 h resulted 
in 98% density [8, 20]. In a previous study [52] on vacuum-melted argon atomized powder 
(compared to nitrogen atomized powder in this study), we found that although the average particle 
size was 33.2 μm, high relative density of about 99.0 ± 0.6 % was reached in sintered (1280 °C/4 
h) BJP samples. That high density may be attributed to better density in the green part and an 
optimized sintering temperature. Moreover, the oxygen concentration in WA powder was higher 
than in GA powder (see Table 1), likely due to the H2O used during powder atomization. Oxides 
formed within and on powder particles and inhibited full densification of WA samples, similarly 
to sintering of WA alloy 316L stainless steel [47]. Oxygen concentration of the WA powder (1.43 
wt.-%) was considerably higher than in GA powders (0.28 wt.-%) (Table 1). It is thought that the 
trapped water molecules within the closed pores in the WA powder as well as the presence of a 
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thin layer of contamination (such as oxides) on the surface of the WA powder influence the 
densification behavior which leads to lower relative density. Besides, one may consider lower 
relative density in WA samples sintered at 1285 °C and 1300 °C due to the formation of higher 
liquid content compared to GA samples at the same sintering temperatures. The higher amount of 
liquid in WA samples results in a larger expansion in WA samples due to the lower density of 
liquid compared to solid powder. During cooling, more shrinkage takes place in the samples with 
a higher amount of liquid which leads to the formation of voids at boundaries. SEM and μCT 
micrographs taken from powder particles (Figure 1) revealed that the WA sample possessed higher 
residual porosity and larger pore sizes than the GA sample. To conclude, the lower packing density, 
the thin oxide layer on the outer surface of the powder, higher liquid phase formation during 
sintering of WA powder and the broader pore size distribution result in weak bonding of powder 
particles and in the lower relative density of the sintered WA powder BJP samples [47,49,162].  
  Microstructural observations 
OM micrographs of shape, size, and distribution of grains and porosity of differently 
sintered samples (Figure 33 (WA) and Figure 34 (GA), Table 2) show that pores were present in 
WA BJP samples at all sintering temperatures. Since the solidus temperature of WA powder was 
1253 °C, sintering at ≥ 1255 °C led to higher segregation of alloying elements at grain boundaries 
(see Figure 33 d-f) since super-solidus liquid phase sintering was active. The variation in grain and 
pore sizes are given in Table 2. Samples sintered at 1225 °C had grain sizes of 80 ± 25 μm, and at 
sintering temperature of 1300 °C, grain sizes were 94 ± 27 μm. The pore size/area increased 
slightly for WA samples with increasing temperature, while porosity was reduced.  
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Figure 33. Optical microstructure of the WA nickel-based alloy 625 samples sintered at (a) 1225 °C, (b) 1240 °C, (c) 
1255°C, (d) 1270 °C, (e) 1285 °C, and (f) 1300 °C for 4 h. 
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Table 2. Grain and pore size analysis and microhardness values of the WA and GA powder alloy 625 sintered samples 
depending on sintering temperature. 
Sintering 
temperature [°C] 
Grain size [μm] Pore size [μm] Microhardness [HV0.1] 
GA WA 








1225 39 ± 4 5.5-6.5 80 ± 25 3.5-5.5 41 ± 18 20 ± 7 160 ± 15 149 ± 12 
1240 45 ± 11 5.0-6.5 83 ± 25 3.5-5.0 36 ± 10 20 ± 6 184 ± 13 163 ± 11 
1255 62 ± 20 4.5-6.0 86 ± 25 3.0-5.0 27 ± 13 20 ± 7  192 ± 7 183 ± 7 
1270 69 ± 23 4.0-5.5 88 ± 26 3.0-5.0 20 ± 4 21 ± 9 197 ± 8 191 ± 7 
1285 89 ± 21 3.5-4.5 91 ± 26 3.0-4.5 4.5 ± 1.2 22 ± 11 213 ± 6 174 ± 9 




The microstructure of sintered GA samples (Figure 34) revealed a progression from 
irregular pores along particle boundaries to spherical pores within grains and at grain boundaries, 
as well as an increase in grain size. GA samples sintered at 1225 °C were porous and partially 
connected, indicating sub-optimal sintering temperature. Two pore types were present: large pores 
at grain boundaries and small pores within grains. The latter probably originated from pores within 
powder particles that were unable to annihilate or join larger pores. Increasing the sintering 
temperature resulted in pore reduction and an increase in sample density. Additionally, pores were 
no longer connected, which may have led to the improved mechanical properties [13,20]. Since 
the solidus temperature of the GA powder was 1283 °C, sintering at ≥ 1285 °C activates super 
solidus liquid phase sintering. OM micrographs of samples sintered at 1285 °C and 1300 °C for 4 
h (producing the two highest relative densities), showed decreased pore size and number. The GA 
sample sintered at 1300 °C displayed consolidation and elemental segregation at grain boundaries 
due to liquid phase sintering. Sintering at ≥ 1270 °C resulted in equiaxed grains similar to previous 
reports [10]. Average grain and pore sizes are given in Table 2, with the highest density GA grain 
size of 89 ± 21 μm and average pore size of 5 ± 2 μm.  
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Figure 34. Optical microstructure of the GA nickel-based alloy 625 samples sintered at (a) 1225 °C, (b) 1240 °C, (c) 





SEM micrographs of sintered WA samples for microstructural and morphological 
evolutions are shown in Figure 35a-d. Sintered at 1225 °C, many pores was observed (Figure 35a). 
Bright precipitates at grain boundaries were identified as carbide precipitates mainly along grain 
boundaries, which proved the formation of a liquid phase during sintering. As the sintering 
temperature increased to 1300 °C, pores were still present and precipitates increased along grain 
boundaries. SEM micrograph (Figure 36a) and EDS results (Table 3) of the 1300 °C WA samples 
revealed that the bright areas (point 2) were mainly composed of Nb, Mo and C, suggesting MC 
carbide formation. Elemental segregation and a relatively high level of absorbed oxygen resulted 
in the formation of surface oxides and preferential precipitation at prior particle boundaries along 
grain boundaries, inhibiting densification of the WA samples - since solid-state element diffusion 
and grain boundary migration were hindered by surface oxides [4,49]. The carbon segregation at 
grain boundaries also provided nucleation sites for film-like MC and M6C. 
SEM micrographs of GA samples sintered at various temperatures are shown in Figure 
35e-h. As sintering temperature was increased from 1225 °C to 1300 °C, porosity and pore sizes 
of GA samples decreased and density increased from 85.0% to 99.2%. The pores were removed 
through diffusion and capillary bonds between particles in contact. EDS analysis of the GA sample 
sintered at 1300 °C (Figure 36b, summarized in Table 3) indicated the concentration of Mo, Nb, 
Ni and C is higher in lighter areas (mostly at grain boundaries) compared to the matrix. The 
carbides formed in the sintered specimens were primary MC carbides [52], with a complex 
chemical composition including C, Cr, Mo, Nb and Ni. These carbides originate from the liquid 
phase. Due to the relatively high content of C, Cr, Mo and Nb in alloy 625, there is a high tendency 
of these elements to segregate to grain boundaries, facilitating the preferential formation of liquid 
phase. An increase in C and Nb besides Mo, Ni and Cr at points 4 and 5 suggests carbides such as 
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MC and M23C6. The higher concentration of Mo at point 6 suggests Mo segregation at grain 
boundary triple points and that these points may be a target for carbide formation (M6C). Point 3 





Figure 35. SEM micrographs of the WA nickel-based alloy 625 samples sintered at (a) 1225 °C, (b) 1255°C, (c) 1285 
°C, and (d) 1300 °C for 4 h. SEM micrographs of the GA nickel-based alloy 625 samples sintered at (e) 1225 °C, (f) 






Figure 36. SEM micrographs with corresponding EDS point analysis taken from the (a) WA and (b) GA samples 
sintered at 1300 °C. (c,d) SEM micrographs of a GA sample sintered at 1285 °C for 4 h and then aged at 745 °C for 




Figure 36c shows SEM micrographs of sintered and aged GA samples with light-grey 
precipitates within grains and at grain boundaries (Figure 36d, EDS results summarized in Table 
3). EDS results showed that point 7 has nearly nominal alloy 625 composition, representing the 
matrix. Higher concentration of C, Mn and Nb in bright areas suggests carbide formation. The 
refractory elements Nb and Mo in alloy 625 have important roles in the development of improved 
strength by solid solution and precipitation formation. Therefore, small composition changes 
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influence the precipitation kinetics and stability of the different phases in the matrix [25,108]. 
Ni3Nb precipitation in alloy 625 during aging also results in higher strength [25]. In this study, 
aged samples formed two kinds of precipitates: at the grain boundaries, mainly composed of Mo, 
Nb and C and 2.5-4.0 µm in size (points 8 and 9 in Figure 36c); within grains, mainly composed 
of C, Nb, Mo, Cr and Ni and 0.5-1.0 µm in size (points 10 and 11 in Figure 36d). These precipitates 
were identified as MC and M23C6 carbides based on morphology and chemistry. Elemental 
mapping revealed an increased amount of oxygen in the carbide precipitates, agreeing with the 
reported preferential oxidation of MC and M23C6 type carbides at high temperature [163]. An SEM 
micrograph of a sintered and aged WA sample shows various precipitates (Figure 36e): (1) white 
precipitates at grains boundaries (point 14) mainly composed of Ni, Mo, Cr and C and a high 
amount of strong carbide forming elements (Ni, Mo, Cr) in the MC type carbide (as high as 87.6%); 
(2) area 12 with oval shaped precipitates at the grain boundary with Ni, Mo, Cr elements indicating 
M6C/MC/M23C6 carbides or Laves; (3) precipitates within grains (area 13) with mainly Ni, Mo 




Table 3. Chemical composition in wt.-% of the selected points on SEM micrographs in Figure 36. 
 
Selected area for EDS point analysis 
1 2 3 4 5 6 7 8 9 10 11 12 13 14 
C 0 11.7 0 2.3 1.4 0.1 0 27.6 31.4 39.1 33.5 12.9 13.1 12.4 
O 0 3.4 0 0.9 0.7 0.1 0 2.6 1.5 1.0 1.8 1.7 2.9 3.2 
Mo 8.2 32.1 10.5 38.4 36.1 17.3 0.8 35.3 32.8 14.6 11.7 35.2 20.7 31.4 
Nb 3.1 5.4 3.6 31.6 4.8 2.3 3.2 25.9 28.7 37.7 34.0 5.2 2.8 4.7 
Ni 64.2 37.9 61.7 2.7 32.9 55.7 65.4 4.3 3.2 3.0 6.2 35.9 50.6 40.3 
Cr 21.4 7.4 21.5 23.0 22.6 22.2 20.1 2.8 1.5 3.1 11.8 7.8 7.7 6.9 
Mn 0.4 0.4 0 0.1 0.1 0.1 0.3 1.0 0.4 0.2 0.3 0.2 0.7 0.3 
Fe 2.7 1.7 2.7 1.0 1.4 2.2 0.3 0.9 0.5 1.3 0.7 1.1 1.5 0.8 
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 XRD analyses and phase formation 
XRD of as-received, sintered and aged WA and GA powders (Figure 37) show major (51°, 
60°, 90°, 111°), and minor peaks (34.6°, 42. 4°, 46.5°, 48.5°, 51°, 56.5°). At all processing stages, 
the main peaks were γ-Ni phase peaks (fcc, [52]) and small peaks were chromium oxides and 
carbides. Due to the small number of intermetallic phases, e.g. γ″ (Ni3Nb, bct) and δ (Ni3Nb, 
orthorhombic), and peaks partially overlapping with γ-Ni peaks, peak shift and breadth of the γ-Ni 
peaks were used to indirectly identify the presence of intermetallic phases [118,119]. Peak 
positions, resulting d-spacings and lattice parameters are given in Table 4. A peak shift and 
therefore lattice parameter shift of about 0.24% (WA) and 0.50% (GA) in the atomized powders 
compared to the standard alloys 625 fcc γ-Ni phase (Reference code: 98-011-6293) indicates 
potentially elemental Ni and Nb as well as intermetallic phases such as γ′ [Ni3(Al, Ti)], γ″ 
[Ni3(Nb,)] and δ [Ni3Nb] as well as carbides or oxides in the γ-Ni matrix precipitated during 
powder production. Differences might have arisen from the atomization method resulting in 
slightly different amounts of formed phases due to solidification speed and contamination. 
In this study, furnace cooling to room temperature followed sintering. XRD patterns of 
samples sintered at 1225 °C indicate that carbides had enough time to form during the cooling 
process. In WA and GA samples, double XRD peaks were detected at around 51.5° with the left 
peak identified as γ-Ni phase and the right as δ [Ni3Nb] phase. Sintering at 1300 °C, the amount 
of δ phase increased and resulted in an overlap of peaks. Although the sintering process was 
conducted in vacuum, chromium oxide (Cr2O3) precipitates were identified in the XRD pattern 
due to the high oxidation rate of alloy 625 at high temperatures [52]. However, the amount of 
Cr2O3 decreased in the samples sintered at 1300 °C. This is due to evaporation of Cr2O3 as CrO3 
gas above 1000 °C, with solid Cr left behind to dissolve into the matrix [6,20,26]. 
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Figure 37. XRD patterns of the as-received powders and sintered WA and GA nickel-based alloy 625 samples: (a) 
GA powder, (b) GA sintered at 1225 °C, (c) GA sintered at 1300 °C, (d) GA aged for 20 h, (e) WA powder, (f) WA 




Lattice parameters of the as-received WA and GA powders were 3.5897 Å and 3.5990 Å, 
and decreased after sintering to 3.5639 Å and 3.5758 Å, respectively (Table 4). As reported in 
[52], this decrease is attributed to the depletion of Nb, Cr and Mo in the γ-matrix, since these 
elements participate in the formation of carbides and intermetallic phases. Increasing sintering 
temperature to 1300 °C led to the disappearance of Laves/carbide and chromium oxide peaks since 
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at this temperature, Nb, Mo and Cr elements which participate in the formation of carbides and 
intermetallic compounds can dissolve in the γ-matrix. This also results in increased d-spacing 
values. The sintered and aged GA samples showed increased 2θ and, thus, smaller lattice 
parameters due to the depletion of alloying elements from the matrix to form precipitates. The 
XRD pattern of the aged samples clearly showed that the peak intensity and volume from the 
precipitates increased compared to only sintered samples. These results were similar to our 




Table 4. Crystallographic parameters of the WA and GA nickel-based alloy 625 samples compared to a γ-Ni reference 
(ICSD Reference code: 98-011-6293). 
Powder 
type 
Samples Peak position for crystallographic 
planes 




111 200 220 311   
WA 
As-received powder 51.170 59.836 89.812 111.753 2.0725 3.5897 
Sintered at 1225 °C 51.567 60.285 89.973 111.887 2.0576 3.5639 
Sintered at 1300 °C 51.593 60.272 90.038 111.900 2.0566 3.5621 
Sintered at 1270 °C and 
aged at 745 °C for 20 h 
51.622 60.301 90.094 111.929 2.0544 3.5583 
GA 
As-received powder 51.026 59.626 89.445 111.228 2.0779 3.5990 
Sintered at 1225 °C 51.382 59.983 89.684 111.362 2.0645 3.5758 
Sintered at 1300 °C 51.343 59.944 89.671 111.192 2.0660 3.5784 
Sintered at 1285 °C and 
aged at 745 °C for 20 h 
51.409 60.022 89.736 111.467 2.0635 3.5741 
γ-Ni reference 51.272 59.945 89.905 --- 2.0675 3.581 
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 Phase and microstructure evolution 
Combining all results of differently heat-treated samples printed from gas- and water-
atomized powder, we propose the following phase and microstructure evolution model, which is 
graphically summarized in Figure 38: At low sintering temperatures, e.g. 1225 °C/4 h, there are 
pores present in both GA and WA samples. GA samples have a larger density of finer pores at 
grain boundaries and within grains but no visible precipitation of oxides or carbides; WA samples 
have a smaller density of larger pores at grain boundaries, smaller pores within grains and 
carbide/oxide precipitates. With increasing sintering temperature, e.g. 1270 °C, there is grain 
growth in both WA and GA samples. Most pores within grains disappear. WA samples show some 
pore consolidation, but large pores remain and the carbides and oxides increase. For GA samples, 
all pores nearly disappear and some carbides and oxides form. After solution treatment (1150 °C/2 
h) and aging (745 °C/20 h) there is no density change. WA samples have a large amount of carbides 
and oxides at the grain boundaries resulting in a Cr, Nb, Mo depleted zone around the grain 
boundaries. If grains are large enough, a large amount of small carbide particles forms in the center 
of the grain. GA samples on the other hand form only small carbide and oxide particles during 






Figure 38. Schematic showing phase and microstructure evolution model for differently heat-treated BJP alloy 625 




 Mechanical properties 
Microhardness results of sintered WA samples showed that hardness increased from 149 
± 12 to 191 ± 7 HV0.1 with sintering temperature (1225 to 1270 °C) and then decreased to 170 ± 7 
HV0.1 upon further temperature increase (Figure 39a, Table 2). In GA samples, hardness increased 
(similar to density) with sintering temperature to 213 ± 6 HV0.1, up to 1285 °C. For WA and GA 
samples, similarly to Ar gas atomized powder samples [52], relative density and microhardness 
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show corresponding trends. Additionally, with increasing temperature, grain growth, coarsening 
and, especially at higher temperatures, segregation of alloying elements to grain boundaries occurs, 
resulting in decreased hardness [107,108]. A post sintering aging treatment of highest density WA 
and GA samples (WA: 1270 °C, GA: 1285 °C) increased hardness further to 225 ± 6 HV0.1 (WA) 





Figure 39. (a) Average microhardness values and (b) Engineering stress–strain curves of the WA and GA nickel-based 
alloy 625 samples sintered at different temperatures for 4 h. Data points are staggered at each temperature for better 




Tensile tests were carried out on highest density and hardness WA and GA samples 
sintered at 1270 °C and 1285 °C and on additionally aged samples (see (Figure 39b, Table 5).  
Tensile strength (386 ± 15 MPa) and ductility (~12%) of only sintered WA samples (1270 °C) 
were relatively low. However, only sintered GA samples (1285 °C) had higher tensile strength 
(644 ± 16 MPa) and ductility (~47%). The improvement in mechanical properties is mostly caused 
by porosity differences, and therefore, the low (GA) or high (WA) number of present pores. 
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WA sample sintered at 1270 °C 287 ± 11 386 ± 15 11.6 ± 2.2 191 ± 7 
GA sample sintered at 1285 °C 376 ± 14 644 ± 16 47.0 ± 2.7 213 ± 6 
WA sample sintered at 1270 °C and aged at 745 °C for 20 h 298 ± 13 405 ± 14 7.5 ± 1.9 225 ± 6 
GA sample sintered at 1285 °C and aged at 745 °C for 20 h 394 ± 15 718 ± 14 29.1 ± 3.1 327 ± 7 





Aging (745 °C, 20 h) on optimally sintered samples further improved mechanical 
properties. For WA samples, tensile strength increased 5% to 405 ± 14 MPa, yield strength to 298 
± 13 MPa, while elongation decreased to 7%. However, for GA samples, tensile strength increased 
11.5% to 718 ± 14 MPa, yield strength to 394 ± 15 MPa, while elongation decreased to 29%. Based 
on the TTT diagram of alloy 625 [108], various phases (e.g. M23C6, MC, M6C, γ’, γ”, δ, Laves) 
form during aging between 550 and 750 °C. The advantageous phases formed during aging hinder 
crack growth and, thus, improve mechanical properties [108]. In general, (not applicable here, but 
of note) these phases also hinder grain boundary sliding at high temperature. SEM fractography 
showed that sintered GA samples (Figure 40a) had mostly ductile fracture dimples, with almost 
no micro-cracks and pores. However, the fracture surface of sintered and aged GA samples showed 
dimples, particle facets of precipitates (identified with EDS as carbides) and some micro-cracks 
that might initiate macroscopic cracks (Figure 40b). This suggests that failure of sintered GA 
sample had a mostly ductile character (see Figure 40a), while sintered and aged GA samples failed 
in a mixed mode, primarily intergranular with ductile dimple fracture in fully dense regions and 
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some non-ductile failure at micro-pores and precipitates. Fracture surface studies of WA samples 
showed mostly brittle-ductile failure. Only sintered WA samples (Figure 40c) showed small 
precipitates and micro-cracks, while additionally aged samples (Figure 40d) showed more 
precipitates (identified with EDS as carbides and probably also intermetallic phases) on the 





Figure 40. SEM micrograph of the fracture surface after tensile test taken from the GA sample (a) sintered at 1285 °C 






A detailed comparative investigation was conducted on the relationship between 
microstructure and mechanical properties of sintered and additionally aged alloy 625 binder jet 
printed samples produced from water atomized (WA) and gas atomized (GA) powders with these 
main findings: 
1. As-printed parts had green densities of 50% and 60% for WA and GA samples, respectively, 
due to different particle morphologies: spherical for GA, irregular-shaped for WA powder. 
2. Sintering was performed on WA and GA samples from 1225 to 1300 °C for 4 h. GA samples 
were denser than WA samples, due to higher green density and lower oxygen content, with the 
highest density (99.2%) reached after sintering at 1285 °C. 
3. Phase and microstructural evolution of BJP samples produced from WA and GA powder was 
very different. WA samples did not fully densify and formed large amounts of carbide and oxide 
precipitates with large Cr, Nb, and Mo depleted zones, while GA samples fully densified, 
showed no depletion zones and formed small amounts of fine precipitates.  
4. Tensile strength, yield strength, and hardness of near-fully densified GA samples reached 644 
MPa, 376 MPa, 213 HV0.1 and increased to 718 MPa, 394 MPa, 327 HV0.1 respectively, after 
aging and ductility decreased from 47% to 29%. These values are similar to those seen for cast 
alloy 625, while WA samples had significantly lower values. The superior GA sample values, 
with a good balance between tensile strength and ductility, are related to the presence of fine 





 CHARACTERIZING SURFACE FINISH AND FATIGUE BEHAVIOR 
 Fatigue testing 
Figure 41 illustrates the results of the fatigue tests for the as-printed and mechanically 
ground samples and compared with the cast alloy 625 (specimens were surface treated using wire 
electrical discharge machining (EDM) and milled to final shape) [165]. The yield strength of the 
cast alloy 625 was reported as 350 MPa [165] and 351 MPa for the injection molded alloy 625 
[108]. In our previous study on the binder jet printed parts made from nitrogen gas atomized alloy 
625 powder, the yield strength value was found to be similar at 376 MPa [33]. Therefore, the limit 
of 375 MPa was selected for the maximum applied stress in this study. It was seen that the as-
sintered samples failed far earlier than the cast samples [165], with up to one order of magnitude 
fewer cycles to failure. By contrast, the mechanically ground samples had superior fatigue life 
compared to both the cast alloy and as-sintered samples, again by up to one order of magnitude. 
Further, the mechanically ground samples that were tested below 300 MPa met the runout 
condition (107 cycles) and the testing was stopped. This indicates that the performance 
improvement at low stresses may be even larger than is reflected in Figure 41.  Further, the stress 
ratio (R) in the present study was -1, while the fatigue study of alloy 625 by Theriault [165] was 
conducted at R = 0.1. It is well known that tests performed at lower R values, and particularly 
negative values, result in lower fatigue life than those performed at higher R values [166]. 
Therefore, the performance of the present samples is even further superior to the cast alloy than is 
apparent in Figure 41. 
 112 
 
Figure 41. Fatigue life data of the BJ3DP alloy 625 for the as-printed condition (black points) and after mechanical 
ground (red). The horizontal arrows indicate that the runout condition of 107 cycles has been met and the test was 




The experimental data were fit using the Basquin equation [167]: 
𝜎𝜎𝑎𝑎 = 𝜎𝜎𝑓𝑓′�2𝑁𝑁𝑓𝑓�
𝑏𝑏
     (6-1) 
where 𝜎𝜎𝑎𝑎 is the stress amplitude (which is equal to the max stress in fully-reversed loading), 
𝑁𝑁𝑓𝑓 is the number of cycles to failure, and 𝜎𝜎𝑓𝑓′ and 𝑏𝑏 are the fatigue strength coefficient and fatigue 
strength exponent, respectively. All datasets are reasonably well fit (R2 > 0.85) with this power-
law form. The resulting fatigue strength coefficients were 𝜎𝜎𝑓𝑓′ = 781, 747, and 764 MPa for the as-
sintered, mechanically ground, and cast materials. The resulting fatigue strength exponents are 𝑏𝑏 
= -0.15, -0.10, and -0.09 for the as-sintered, mechanically ground, and cast materials, respectively. 
For most metals, b is in the range of -0.05 to -0.12, with typical values around -0.1 [168]. For a 
given value of 𝜎𝜎𝑓𝑓′, values of b that are closer to zero indicate less dependent on stress and superior 
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fatigue performance. As noted, the mechanically ground samples experienced runout at low 
stresses and therefore were not tested to final failure. Larger values of 𝑁𝑁𝑓𝑓 at low values of 𝜎𝜎𝑎𝑎 would 
further increase the best-fit exponent; therefore, the presently measured value of -0.10 represents 
lower bound on this value. Overall, Figure 41 demonstrates that the fatigue data are well fit by the 
Basquin equation and that the performance of the mechanically ground AM samples is superior to 
that of the cast and ball-milled parts.  
Figure 42 illustrates SEM micrographs of the overall fracture surfaces for selected samples. 
Figure 42a shows the fracture surface of the as-sintered sample at the applied stress value of 175 
MPa failed after 4.5×106 cycles with a transgranular surface area of 8.08 mm2. By increasing the 
applied stress to 275 MPa, the fatigue life decreased to 3.1×105 cycles with the transgranular 
surface area of 5.48 mm2 (Figure 42b). At 375 MPa applied stress, the fatigue life decreased further 
to 2.5×104 cycles with the transgranular surface area of 2.79 mm2 (Figure 42c). The measured 
transgranular surface area clearly showed how the applied stress value affected the fracture surface 
as well as fracture mode. Finally, Figure 42d shows the fracture surface of a selected mechanically 
ground sample tested at 350 MPa, which experienced fatigue failure after 5.5×105 cycles and 
transgranular surface area of 9.50 mm2. In all cases, the crack initiated on the surface of the samples 
and failure took place close to the area of the smallest diameter of the neck of the samples. No 
pore was seen on the micrographs indicating nearly full density of the BJ3DP parts. After crack 
initiation, the crack grew in a stage I crack growth mode as is indicated by the transgranular 
fracture surface. Stage I crack growth mainly progresses by slip plane cracking and was identified 
by the presence of facets at the initiation sites. Finally, the crack growth continued via intergranular 
fracture. The dash-line curves on the BSE-SEM micrographs show the approximate boundary 
between the fatigue crack initiation (transgranular crack growth) and intergranular fracture zones.  
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Figure 42. Fatigue fracture, crack initiation and crack growth micrographs taken from the as-sintered samples at the 
applied stress value of (a) 175 MPa, (b) 275 MPa and (c) 375 MPa. (d) Selected fracture surface of the mechanically 
ground sample at the applied stress value of 350 MPa. Two different fracture modes are shown in BSE micrographs 
as transgranular (TG) and intergranular (IG) fatigue fracture failures. Different magnifications indication regions with 




 Materials characterization of the samples  
Prior to fatigue testing, the samples were characterized using optical microscopy, stylus 
and optical profilometry for surface topography. Figure 43 shows optical micrographs of the 
external surface of the samples. In Figure 43a-a1, printing layers (horizontal) and print direction 
(vertical) can be seen. After sintering (see Figure 43b-b1), neighboring powders joined to form 
larger grains on the outer surface. It is seen that deep valleys are possibly present on the surface. 
Figure 43c-c1 showed the sample surface after mechanical ground indicating that the surface was 





Figure 43. Optical micrographs of the external surface of the samples (a,a1) as-printed part from gas 





The surface topography of the as-sintered and mechanically ground samples was measured 
using stylus and optical profilometry, as shown in Figure 44. The extreme roughness of the as-
sintered parts that was visually observable (Figure 43b) is quantified in the topography 
characterization. In order to quantify the variation in roughness between the different surface 
conditions, two different metrics were compared: the root-mean-square height variation (often 
called ℎ𝑤𝑤𝑚𝑚𝑟𝑟) and the root-mean-square roughness (often called 𝑅𝑅𝑞𝑞). Both are computed using the 
same equation, but the former is applied directly to the measured height data (after line- and 
parabola-compensation, see Methods) and the latter is applied to the height data after the 










 𝑑𝑑𝑒𝑒𝛿𝛿0     (6-3) 
where ℎ is the height measured at position 𝑒𝑒 over a scan length of 𝐿𝐿. These are numerically 
implemented using the trapezoidal rule. For the filtering, a Gaussian filter with a cut-off of 80 µm 
was applied, in accordance with ISO 4288. Using stylus profilometry, the RMS height variation 
was measured as ℎ𝑤𝑤𝑚𝑚𝑟𝑟 = 24.77 ± 5.13 µm for the as-sintered sample and was reduced to ℎ𝑤𝑤𝑚𝑚𝑟𝑟 = 
3.76 ± 1.07 µm upon mechanical grinding process. The measured values of RMS roughness were 
𝑅𝑅𝑞𝑞 = 1.39 ± 0.20 µm and 𝑅𝑅𝑞𝑞 = 0.47 ± 0.02 µm, for the as-sintered and mechanically ground 
samples, respectively. Another metric used to quantify topography is average roughness (which 
typically scales with 𝑅𝑅𝑞𝑞), which was reduced upon grinding from 𝑅𝑅𝑎𝑎= 1.10 ± 0.16 µm to 𝑅𝑅𝑎𝑎 = 0.38 
± 0.02 µm.  
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Figure 44. Optical profilometry was used to collect surface scans of the material in its (a) as-sintered and (b) and 
mechanically ground state. (c) Line scans of topography were collected using stylus profilometry. (d) The hrms value 




The same roughness parameters were computed from the optical profilometry data. The 
RMS height was reduced from ℎ𝑤𝑤𝑚𝑚𝑟𝑟 = 21.61 ± 2.21 µm to 3.60 ± 0.78 µm upon mechanical 
grinding step. The filtered values for the as-sintered material were 𝑅𝑅𝑞𝑞 = 12.01 ± 2.52 µm and 𝑅𝑅𝑎𝑎 
= 7.65 ± 1.58 µm; for the ground sample they were 𝑅𝑅𝑞𝑞 = 2.78 ± 1.10 µm and 𝑅𝑅𝑎𝑎 = 1.45 ± 0.49 µm. 
While these values are directly comparable between conditions using the same technique, they are 
not necessarily comparable between techniques. Not only does the measurement size vary between 
the techniques, which affects the measured values [169], but also the techniques are subject to 
different sources of artifacts and errors. The stylus profilometer is subject to tip-size artifacts, 
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which prevent sampling of deep crevices and small lateral-wavelength features. The optical 
profilometer is subject to interference effects, which are particularly problematic on rough samples 
such as these. To gain better insight on how the surface roughness may look at the curved surface 
for the fatigue samples, cross-sectional observations were carried out on the as-printed and 
mechanically ground samples and micrographs were shown in Figure 45. It was seen that the as-
sintered sample has a rough surface with crevices while mechanical ground process assisted to 





Figure 45. Optical micrographs taken from the cross-section of the central part of the fatigue sample in which failure 
may happen. Comparison shows that he as-printed sample has a rough surface while the mechanically ground sample 




The hardness of all samples in the region well below the surface was 225 ± 30 for both 
samples. The two loads tested, 25 and 50 gf, displayed identical hardness values, therefore the data 
are averaged together and the typical units (HV0.025 and HV0.050) are omitted. As expected, the 
hardness was unaffected by depth for the as-sintered sample. However, the mechanically ground 
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sample displayed a significant increase in the near-surface hardness after polishing, as shown in 
Figure 46. Specifically, the hardness at the surface was 415 ± 70, and the increased hardness 
persisted to approximately 75 μm underneath the surface. This indicates the presence of extensive 
work hardening in the material from the mechanical grinding step, and likely indicates an increase 









To more quantitatively compute the surface stress, XRD of the surface of both as-sintered 
and mechanically ground samples was performed and results are illustrated in Figure 47. 
Comparing the XRD pattern of both surface conditions, two main differences from as-printed to 
ground conditions were observed: (1) all peaks shifts to the lower 2θ values and (2) peaks 
broadened. Lattice parameters given in Table 2 indicated that peak shift occurred in all peaks and 
the out-of-plane d-spacing values increased. On the example of the (111) lattice planes, a peak 
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shift from 43.554° to 43.404° was detected from the as-sintered to the mechanically ground 
condition, respectively. Using Bragg’s law, this resulted in an out-of-plane d-spacing value change 
from 2.076 to 2.083, indicating elastic expansion out-of-plane and compression in-plane Peak 










Table 6. Crystallographic parameters comparison between as sintered and mechanically ground BJ3DP alloy 625 after 
sintering process. Units for D-spacing, peak position and FWHM are [Å], [°] and [°], respectively. 
Samples 
Crystallography parameters  
111 200 220 311 
2θ d-spacing FWHM 2θ 
d-
spacing FWHM 2θ 
d-
spacing FWHM 2θ 
d-
spacing FWHM 
As-sintered 43.560 2.078 0.177 50.438 1.809 0.098 74.669 1.271 0.394 90.520 1.084 0.960 
Mechanically 
ground 43.405 2.085 0.433 50.365 1.812 0.551 74.317 1.276 0.551 90.158 1.088 1.152 
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The grain size and micro-strain of the as-sintered and mechanically ground samples were 
calculated from line broadening of Bragg diffraction peaks by using the following equations [170]: 
𝐷𝐷 =  𝐾𝐾𝜆𝜆
𝛽𝛽
cos𝜃𝜃       (6-4) 
𝜀𝜀 =  𝛽𝛽
4
tan 𝜃𝜃        (6-5) 
where 𝐷𝐷 is the grain/crystallite size, K is a constant, 𝜆𝜆 is the X-ray wavelength, 𝛽𝛽 is the full width 
at half maximum (FWHM) of the peak, 𝜃𝜃 is the Bragg angle of the [h k l] reflection, and 𝜀𝜀 is the 
micro-strain. The calculated grain size and micro-strain was 483 Å and 0.193% for the as-sintered 
sample while they were 197 Å and 0.475% for the mechanically ground sample. In other words, a 
reduction in the grain/crystallite size and increase in the micro-strain was seen after mechanical 
grinding process, leading to the grain refinement, enhancement of the lattice distortion and 
increasing micro-strain and, therefore, further contributions to the improved fatigue life of the 
mechanically ground samples, similar to [171,172]. 
 Combining characterization and fatigue results  
The fatigue performance of the BJ3DP alloy 625 material is poorer in its as-sintered state 
as compared to the cast material. It is necessary to point out that a tension-compression condition 
at R = -1 was used in our study while it was 0.1 as reported in [165]. However, the performance is 
significantly improved, even beyond the cast material, upon mechanical polishing. Microscopy 
observations revealed differences in surface roughness between the surface material and bulk 
material. Hardness measurements showed an enhancement in the surface hardness of the 
mechanically ground sample. Additionally, XRD revealed crystallite refinement on the surface, 
in-plane compressive stress and higher micro-strain due to surface treatment in the mechanically 
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ground sample.  These results compare favorably to prior reports on other AM techniques showing 
effects of surface treatment on fatigue performance in Ti-6Al-4V [173–176] and Ni-based alloys 
[177,178].  
More specifically for surface topography, significant reductions in roughness were 
reflected in all measured roughness parameters, including larger-scale metrics (ℎ𝑤𝑤𝑚𝑚𝑟𝑟), smaller-
scale metrics (𝑅𝑅𝑞𝑞, 𝑅𝑅𝑎𝑎), and max-/min-height metrics (𝑅𝑅𝑡𝑡, 𝑅𝑅𝑣𝑣). While it is well-known that surface 
finish affects fatigue performance [169], it is also known to depend on surface stress. For a given 
surface stress, some authors [179,180] have proposed phenomenological models linking roughness 
parameters to notch dimensions, which depend on combinations of metrics such as root-mean-
square height, slope, and curvature. However, the values of RMS slope and curvature depend 
heavily on small-scale measurement [169] and so cannot be reliably obtained from stylus or optical 
profilometry.  
Finally, the combination of improved surface roughness, microstructural refinement and 
increased, compressive in-plane stress and micro-strain increases caused by the mechanical surface 
treatment contributed to the fatigue life enhancement of the BJ3DP alloy 625 samples. Mechanical 
grinding would therefore be an appropriate tool for all binder jet printed samples to improve fatigue 
performance. Further investigation is required to distinguish among these various factors, but the 
most probable explanation for the significant increase in fatigue performance can be the creation 




The major aim of the present section was to evaluate binder jet 3D printing as a technique 
for creating parts using nickel-based superalloy 625, which maintain high fatigue resistance. 
Fatigue testing demonstrated poor performance of initially created parts after printing and sintering 
as compared to prior investigations on the cast material. However, with mechanical ground of the 
surface, the fatigue performance improved significantly, surpassing that of the cast alloy. Fracture 
surface investigation showed evidence of transgranular crack initiation, followed by intergranular 
crack growth. µCT and microstructural observations showed that the BJ3DP parts had a relative 
density of 98.9 ± 0.3 %, with equiaxed grains. The near-surface layer of the as-sintered parts was 
shown to have unmelted particles, and a layer of increased densification, these surface layers were 
removed with mechanical grinding process. Using optical and stylus profilometry, the as-sintered 
BJ3DP parts were shown to have large roughness, which was significantly reduced upon grinding. 
The stylus profilometry showed an RMS roughness of 𝑅𝑅𝑞𝑞 = 1.39 ± 0.20 µm, which was reduced 
upon grinding to 𝑅𝑅𝑞𝑞 = 0.47 ± 0.02 µm. The optical profilometry showed an RMS roughness of 𝑅𝑅𝑞𝑞 
= 12.01 ± 2.52 µm, which was reduced to 𝑅𝑅𝑞𝑞 = 2.78 ± 1.10 µm. The differences in these values 
were attributed to differences in techniques and to measurement artifacts, but both show a 
significant reduction. The improvement in fatigue behavior likely arose from removing the rough 
surface, micro-strain enhancement, formation of a fine grain structured layer of 75 µm and/or in-
plane compressive stress on the surface of the mechanically ground sample. Further work is on-
going to distinguish which factor had the most significant effect on fatigue performance. Overall, 
the present results show that binder jetting, followed by proper sintering and surface treatment, is 
shown to be a promising alternative to the conventional manufacturing processes for alloy 625.  
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 DENSIFICATION KINETICS OF BJ3DP ALLOY 625  
The powder size distributions are presented in Figure 48. Based on the illustrated results in 





Figure 48. Cumulative and volume percentile results indicating powder size distribution for (a) original powder 
defined as 16-63 μm, (b) sieved powder with particle size below 25 μm, defined as 16-25 μm, and (c) sieved powder 




The cross-sectional optical micrographs in Figure 49 displays shape, size, and distribution 
of porosity as well as the microstructure of the BJ3DP samples from three different powder mean 
sizes sintered ranging from 1225 °C to 1300 °C for 4 h. Generally, a progression with increasing 
sintering temperature from irregular, interconnected pores to spherical pores within the grains or 
located at the grain boundaries was observed. Micrographs of all three powder types indicated that 
sintering between 1225 °C and 1255 °C resulted in highly porous samples with interconnected 
pores. An obvious evolution in microstructure was seen when the sintering temperature increased 
from 1255 °C to 1270 °C in which pore evolution in the microstructure was visible. As the sintering 
temperature increased to 1285 °C and 1300 °C, it was seen that the binder jetted parts from 16-63 
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μm powder resulted in the near-full density of 99.9% while parts printed from 16-25 μm and 53-





Figure 49. Optical micrographs of BJ3DP alloy 625 samples sintered at different temperatures for 4 h.  
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Figure 50a shows the variation of solid volume fraction (obtained from image analysis of 
the presented results in Figure 49) for different particle sizes as a function of temperature. It is 
seen that the solid volume fraction increased with increasing sintering temperature from 1225 °C 
to 1300 °C. At the sintering temperature of 1225 °C, it was observed that the powder particles with 
size range of 53-63 μm had lower density compared to the two other size distribution while the 
distribution of small powder particles showed higher density. As the sintering temperature 
increased above 1270 °C, powder particles with size range of 16-63 μm showed higher density 
compared to the 16-25 μm, with a maximum density of 99.9% achieved at sintering temperature 
above 1285 °C.  
Figure 50b illustrates the variation of bulk density (obtained from Archimedes method) for 
different particle sizes as a function of temperature. In general, it is seen that the bulk density 
increased with increasing sintering temperature from 1225 °C to 1285 °C. It was also observed 
that the powder particles with size range of 53-63 μm had lower density compared to the two other 
size distribution while the distribution of small powder particles showed the highest density up to 
1270 °C. Above 1270 °C, powder particles with size range of 16-63 μm showed higher density, 
with a maximum density of 99.2 ± 0.2% (based on the Archimedes method). At the maximum 
sintering temperature of 1285 °C, pore coarsening was observed in some samples. Pore coarsening 
and its effect on densification during final stage sintering is a well-established phenomenon. In 
fact, pore size differences and curvature led to the growth of large pores at the expense of the 
smaller, stable pores [33,129,181]. Typically, powders with smaller particle size (in this study, 16-
25 μm) have higher surface energy per unit weight compared to larger powder particles (in this 
study, 53-63 μm). Therefore, higher density is expected for 16-25 µm at any particular sintering 
temperature. The wide particle size distribution (16-63 μm) gave lower bulk density than the 16-
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25 µm powder for sintering temperatures less than 1270 °C, consistent with the presence of larger 
particles and lower surface area. Interestingly above 1270 °C the wider particle size distribution 
gave slightly higher density.  
Figure 50c shows the linear shrinkage �𝛿𝛿𝛿𝛿
𝛿𝛿
� for different particle sizes as a function of 
temperature with L being the length of the as-printed part. Here, dimensional variations are 
considered for x, y and z. It is found that the linear shrinkage of the small powder particles in all 
three dimensions is higher than the two other powder size distributions at all temperatures, 
consistent with the lower green density. There is a cross-over point in the shrinkage plot of 16-63 
μm and 53-63 μm powders at 1270 °C. Sintering at a maximum temperature of 1300 °C for 4 h 
led to the surface melting in samples and it was not practical to measure the linear shrinkage. P. 
Nandwana et al. reported the effect of powder particle size effect on the sintering of BJ3DP alloy 
718 [26]. It was shown that the 21 μm feedstock had a solidus temperature that was ~30 °C and 40 
°C higher than the 7 μm and 70 μm feedstock, respectively. Additionally, an increase of 50 °C 
above the liquidus temperature increased the liquid volume fraction to about 55% leading to the 
shape loss. Such a variation might be indicative of a change in the sintering mechanism, possibly 
from solid-state sintering to supersolidus liquid phase sintering (SLPS) [156]. It is seen that the 
linear shrinkage was higher in z direction which can be affected by gravity and rigidity of the solid 
structure during SLPS.  
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Figure 50. (a) Solid volume fraction obtained from image analysis shown in Figure 49, (b) relative density for different 
particle sizes as a function of temperature and (c) linear shrinkage in x, y and z directions for the three different powder 




To study the densification kinetics during solid-state sintering, three temperatures (1240 
°C, 1270 °C and 1280 °C) were selected for isothermal sintering studies for the BJ3DP alloy 625 
powder. Optical micrographs of the different sintered samples at 1240 °C (Figure 51), 1270 °C 
(Figure 52) and 1280 °C (Figure 53) for holding times between 0 and 12 h were studied. In the 
distribution of small powder particles sintered at 1240 °C (Figure 51) and 1270 °C (Figure 52), the 
printing lines were obvious in the printed parts while they were not seen in samples printed with 
the large powder particles(53-63 μm) and full range size distribution (16-63 μm) powder particle 
size distribution. Since 1240 °C is well below the solidus temperature for the alloy 625 powder, 
solid-state sintering is the dominant and microstructural evolution due to densification is within 
intermediate sintering but relatively limited. Therefore, the optical micrographs of sintered 
samples (as shown in Figure 51) did not show dramatic microstructural evolution as holding time 
increased from 0 h to 12 h. As the sintering temperature increases to 1270 °C (Figure 52), more 
extensive microstructural evolution can be seen for unetched samples depending on the holding 
time. It was found that there was a pronounced evolution in pore size and reduction in the number 
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of pore sections in the image. Basically, grain growth, an increase in the pore intercept and a 
decrease in the number of pore sections per unit area occurred in all three sets of samples at this 
temperature. This was particularly noticeable after sintering for 2h for the 16-63 μm powder, after 
2 h for the 16-25 μm powder and after 8 h for the 53-63 μm powder. Based on our earlier study on 
the solidus temperature of gas atomized alloy 625 [33,54], the solidus temperature is ~1283 °C for 
the 16-63 μm powder. As the powder particle size decreases, the effective surface area increases, 
thus there is a higher driving force for densification. In other words, for the large powder particle 
of 53-63 μm, lower relative density was seen for the sintering temperature below 1270 °C 
compared to the small and full range powder particles sintered at the same temperature and holding 
time. Finally, at 1280 °C which is below of the reported solidus temperature for our metal powder 
[33], microstructure evolution and densification was relatively rapid. For the 16-63 μm powder, 
prolonging the holding time led to the pore shrinkage and removal during final stage densification. 
Although the sintered density was increased for the sintered parts made from 16-25 μm and 53-63 
μm powders, density was lower compared to that of the 16-63 μm powder at the same sintering 
conditions. In addition, there was less pore elimination at the longer hold times, even for the finer 
powder. This may be associated with the lower green part density of the BJP part prepared from 
the narrower size distributions with small and large powder particles. Even though printing 
parameters (e.g. binder saturation), were similar for all powder types, the BJ3DP powder with wide 
size distribution (e.g. 16-63 μm) resulted in higher green part density compared to small and large 
powder particles. Regarding the 16-63 μm powder, the maximum sintered density of 99.7% 
(optical image analysis result) was achieved for samples sintered for 4 h or longer. Finally sintering 
at 1280 °C caused a readily observable change from irregular, elongated pore shapes to more 
rounded pore shapes (see Figure 53). 
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Figure 51. Optical micrographs of the BJ3DP alloy 625 samples sintered at 1240 °C.  
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Figure 52. Optical micrographs of the BJ3DP alloy 625 samples sintered at 1270 °C. 
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Figure 53. Optical micrographs of the BJ3DP alloy 625 samples sintered at 1280 °C. 
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Several microstructural parameters were examined to characterize the evolution of the 
microstructure during densification at the different temperatures. The terms low, intermediate and 
high solid volume fraction refer to 0.82, 0.90 and 0.96 solid volume fractions, respectively. The 
time evolution of the solid volume fraction obtained from the BJ3DP parts with the three powder 
size distributions sintered at 1240 ºC, 1270 ºC and 1280 ºC is shown in Figure 54a-c. Typically, it 
was seen that for the same sintering time, a powder with smaller particle size had higher solid 
volume fraction. It was observed that at the lowest sintering temperature (1240 ºC), a low solid 
volume fraction was achieved for all samples after 12 h sintering, the maximum solid volume 
fraction being 78% for the 16-25 μm powder. There is a significant difference between the range 
of solid volume fraction for 53-63 μm, which only achieved 70% compared to the two others which 
reached significantly higher values. With increasing sintering temperature to 1270 ºC, the solid 
volume fraction for 53µm-63µm was well below the solid volume fraction for the other two 
distributions sintered at the same sintering time. At the longest time, 53µm-63µm achieved 80% 
but the other two powders gave significantly higher solid volume fraction. At both sintering 
temperatures, the presence of the fine powder particles in the distribution enhanced the 
densification kinetics. Finally, sintering at 1280 ºC the densification kinetics were significantly 
improved.  As at the lower temperatures, the coarse powder gave lower solid volume fraction at 
times less than 2 h.  However, all the powders quickly attained solid volume fractions associated 
with final sintering stage (with density above 96%). It is known that the driving force for sintering 
is the reduction of free energy by reduction in the amount of surface area. The surface area per unit 
volume of a particle is inversely proportional to its size (powder particle’s diameter), smaller 
particles have larger amounts of surface area per unit solid volume and a greater potential for 
sintering. Hence, the small powder particles showed higher densification for solid state sintering 
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at 1240 ºC and 1270 ºC. Apparent density values for the samples sintered at 1280 ºC is also shown 
in Figure 54a-c (blue solid data points). The difference between apparent and bulk density indicates 
the proportion of the pores that are open and connected to the surface. It was seen for the 16-25 
μm and 16-63 μm powders sintered at 1280 ºC that the relative and apparent densities were almost 
the same for any holding time longer than 1 h. This suggests all the pores are closed as required 
by final stage sintering. This did not occur for the 53-63 μm powder until 8 h. The fitted lines on 
Figure 54a-c are the common relationship fitted to intermediate and final stage densification. In 
other words, the sintering kinetics follows the equation shown below: 
𝜌𝜌 =  𝜌𝜌0 + 𝑘𝑘 ln(t)        (6−6)  
where 𝜌𝜌 is the bulk density after isothermal sintering for a period of t, 𝜌𝜌0 is the bulk density after 
isothermal sintering for 1 h, k is a constant which could be viewed as the  isothermal rate constants. 
These calculations are necessary to determine volume strain rate using the experimental results 
using the first derivative of equation 13. 
A comparison between the bulk density values obtained from the Archimedes method and 
the solid volume fraction from the image analysis results is displayed in Figure 54d-f. It was seen 
at sintering temperature of 1240 ºC, there was a significant, but relatively small difference between 
these measurements for some samples. This could be related to the inability to detect and measure 
the smallest pores during image analysis. As the sintering temperature increased to 1270 ºC, the 
differences in the measured bulk density and solid volume fraction values were usually within the 
error of the measurements indicating the images are collectively representative. Finally, both the 
bulk density and the solid volume fraction from the image analysis matched (specifically for the 
16-25 μm and 16-63 μm powders) for the sintering times at 1280 ºC. Therefore these images were 
also considered representative 
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Figure 54g-i illustrates the linear shrinkage �𝛿𝛿𝛿𝛿
𝛿𝛿
� for different powder particle size sintered 
at the selected temperatures as a function of time with L being the length of the as-printed part. 
Similar to our earlier measurements, dimensional variations are considered for x, y and z 
directions. It is found that the linear shrinkage for the powder made from small powder particles 
at any temperature and/or holding time is higher than for the two other powders. Additionally, a 
larger linear shrinkage occurred in the z direction for the small powder particles while for the two 
other powders, linear shrinkage were similar in x, y and z directions. The maximum linear 
shrinkages of 18% (x and y directions) and 20% (z direction) were attained for the 16-63 μm and 
53-63 μm powders while linear shrinkages of 21%, 25% and 29% in x, y and z direction was seen 
for the 16-25 μm powder. 
The stereological measurements of the solid-solid (𝑆𝑆𝑉𝑉𝑆𝑆𝑆𝑆, grain to grain or particle to particle 
interfaces) surface area to volume ratio and solid-vapor (𝑆𝑆𝑉𝑉𝑆𝑆𝑉𝑉, grain to pore or particle to pore 
interfaces) surface area to volume ratio were made using standard methods of point counting. The 
evolution of the surface area per unit volume is shown in Figure 54j-l. At the sintering temperature 
of 1240 ºC and 1270 ºC, 𝑆𝑆𝑉𝑉𝑆𝑆𝑉𝑉 values were higher than 𝑆𝑆𝑉𝑉𝑆𝑆𝑆𝑆 values at any holding time. As the 
sintering temperature increased to 1280 ºC, it was seen that 𝑆𝑆𝑉𝑉𝑆𝑆𝑆𝑆 was higher than 𝑆𝑆𝑉𝑉𝑆𝑆𝑉𝑉 indicating an 
evolution in microstructure into final stage sintering. Results of the 1280 ºC showed a steady 
decrease in solid/solid surface areas (Sv), which implied that grain growth is occurring over the 




Figure 54. (a-c) Relative or apparent density, (d-f) comparison between density obtained from Archimedes method 
(solid points) and image analysis results (emply points), (g-i) linear shrinkage as a function of temperature, and (j-l) 
surface area per unit volume results. 
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The volume strain rate is defined as the ratio of the slope of the graph of density vs. 
sintering time (see Figure 54a-c) and obtained results are shown in Figure 55. As expected the 
densification rate tends to decrease with increased sintering time and with increasing solid volume 
fraction. At 1280 ºC the densification rate is uniformly low because the materials are in final stage 
sintering and the associated diffusion distance is increasing quickly. Interestingly, the coarser 
powder gives higher densification rates at this temperature probably because this is associated with 
lower solid fractions for all but the longest times. The particle size distributions have a more 
significant effect at the lowest temperature, 1240 ºC where the materials made from the fine 
particles have a much higher densification rate than for the other size distributions that contain 
coarse particles. Indeed some of the highest densification rates were measured for the fine particle 
size distribution at 1240 ºC. This is entirely consistent with the effect of small particles on surface 
area per unit volume and sinterability [121]. At 1270 ºC the distributions containing fine particles 
showed much the same variation in densification rate with sintering time. Interestingly, the 
distribution made of coarser particles showed significantly higher densification rate as a function 
of time but the earlier sintering times corresponded to lower solid volume fraction when the 
densification rates are expected to be higher during isothermal sintering. Therefore, the 
densification rate results show an interdependence on temperature, solid volume fraction and 




Figure 55. Volume strain rate (densification rate) vs (a-c) density or (d-f) holding time indicating the relationship for 




In general, it is thought that the wide pore size distribution and low green density associated 
packing defects affect microstructural evolution and in particular the grain size and diffusion 
distances in final stage sintering. Thus, it was essential to examine as the effect on the average 
microstructural descriptors associated with the densification process. These include the average 
grain size, pore size and pore separation to determine if the observed effects of processing variables 
on density and densification rate are associated with an increase in the size of the pores and grains. 
The evolution of microstructural features such as the grain intercept (𝜆𝜆𝐺𝐺), pore intercept (𝜆𝜆𝑃𝑃) and 
pore separation or spacing (𝜆𝜆𝑃𝑃𝑆𝑆) are summarized as a function of relative density and sintering 
time in Figure 56 and Figure 57.  
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The mean grain intercept length results (Figure 56a-c) illustrated that in general, the grain 
intercept evolves along one microstructural pathway for all of the particle size distributions, the 
largest grain intercepts were observed for the wide size distribution at the longest times at the 
highest sintering temperatures. Figure 57 illustrates more clearly the pronounced grain growth at 
1280 ºC and the significant effect of temperature and solid volume fraction on the grain intercept 
evolution of BJ3DP alloy 625.  
The evolution of the mean pore intercept length is illustrated in Figure 56d-f. The analytical 
models of sintering suggest that the pore intercept length should decrease throughout sintering.  
The results of this study show this is not the case. The microstructural pathways show broadly 
similar trends for the three particle size distributions. It is noticeable that the pore intercept 
increases significantly with very little increase in solid volume fraction at 1270 ºC for all three 
particle size distribution. In all cases, the “coarsening” of the microstructure occurred over the 
solid volume fraction range 0.8 to 0.85. This is consistent with the qualitative observations in 
Figure 51 and Figure 52 which suggest fine pore sections are being preferentially removed leading 
to an increase in pore intercept. When the sintering temperature was increased to 1280 ºC, the pore 
intercept dramatically decreased with prolonging holding time for 16-63 μm powder while it 
remained relatively constant (or decreased slowly) in the 16-25 μm and 53-63 μm powders. This 
was associated with higher sintered density for the 16-53 µm samples. The average pore separation 
values are shown in Figure 56g-i. It was seen that the microstructure pathway for pore spacing was 
very similar for all three powder types sintered at 1240 ºC and 1270 ºC. However, the pore spacing 
is dramatically increased for the 16-63 μm powder at 1280 ºC in which the maximum pore spacing 
of ~3000 μm was obtained. In other words, the pore spacing increased with increasing solid volume 
fraction due to pore shrinkage and/or the elimination of pores. The examination of these 
 140 
microstructural pathways for grains, pores and pore separation show the differences in 
microstructure evolution that result in strikingly different final microstructures for 16-63 µm at 





Figure 56. The average grain, pore and pore separation intercept length plotted against density. Samples were BJ3DP 
from three different powder sizes and distibutions of alloy 625. 
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Figure 57. The average grain, pore and pore separation intercept length plotted against sintering time. Samples were 




Three dimensionless microstructural parameters including Λ, ψ and Σ are plotted against 
relative density in Figure 58.  These parameters can be used to determine if the evolution of the 
grain size and pore size and pore intercept evolve in a similar ways (self-similar microstructural 
evolution), during sintering. The mean pore spacing to mean grain intercept length ratio (Σ) of the 
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differently sintered parts made from three types of alloy 625 powder is shown in Figure 58a-c. 
Trends in this microstructural pathway may indicate the degree to which pore spacing is correlated 
with grain growth or alternatively the degree to which grain growth is controlled by pore spacing. 
It can be seen that all three powder particles showed the same ratio of Σ for the sintering 
temperatures of 1240 ºC and 1270 ºC as the solid volume fraction increases indicating the evolution 
of pore spacing and grain growth happened such that the ratio was ~2. The Σ value increased to ~3 
for the 16-25 μm and 53-63 μm powders as the sintering temperature increased to 1280 ºC during 
final stage sintering. However, the  Σ values significantly increased during final stage sintering for 
16-63 μm powder sintered at 1280 ºC, suggesting that the pore separation was increasing much 
faster than the grains. Hence, grain coarsening alone could not be responsible for the increase in 
pore separation. In fact, the mean pore spacing is not controlled by grain growth alone but by pore 
shrinkage and especially pore section removal. Clearly, this is dependent on the original particle 
size distribution and its effect on particle packing in printing. 
Another dimensionless parameter examined is the mean grain to mean pore intercept ratio 
(Λ). The results shown in Figure 58d-f suggested that the evolution in the size of grains and pores 
of all three powder particles types happened such that the ratio remained constant for any holding 
time at the sintering temperatures of 1240 ºC and/or 1270 ºC during intermediate stage sintering. 
In addition, similar trends were observed for the 16-25 μm and 53-63 μm powders in final stage 
sintering at 1280 ºC. However, the ratio of grain to pore intercept length was more than 30 for the 
16-63 μm powder sintered at 1280 ºC for 12 h, suggesting that grain growth rate was faster than 
pore coarsening or pore removal may also be happening. Optical microscopy observation as well 
as pore intercept measurements for the 16-63 μm powder sintered at 1280 ºC showed that pore 
elimination and pore shrinkage occurred as the holding time increased from 0 h to 12 h. 
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Figure 58. Dimenssionless results vs. relative density for (a-c) the pore separation to grain intercept ratio, (d-f) the 
grain to pore intercept ratio, and (g-i) The solid-solid surface area to solid-vapor surface area ratio. Samples were 





Figure 59. Dimenssionless results vs. sintering time for (a-c) the pore separation to grain intercept ratio, (d-f) the grain 
to pore intercept ratio, and (g-i) The solid-solid surface area to solid-vapor surface area ratio. Samples were BJ3DP 




The surface area ratio (ψ) was calculated and presented in Figure 58g-i. It was found that 
the change in the ratio was negligible for the sintering temperatures of 1240 ºC and 1270 ºC and 
various holding times, suggesting that even if there was any evolution in the microstructure due to 
different sintering temperatures and times, the surface area ratio did not change. As the sintering 
temperature increased to 1280 ºC, different behavior was observed between the 16-63 μm powder 
and the two other ones (16-25 μm and 53-63 μm powders). For the 16-63 μm powder at the 
sintering temperature of 1280 ºC, it was seen that the surface area ratio was increased as the holding 
time increased from 0 h to 0.5 h. Afterward, it was decreased as the holding time increased to 12 
h. As a wide powder size distribution was used in the 16-63 μm powder, a relative density of ~96% 
was achieved for the sample sintered for 0.5 h. The optical micrograph shown in Figure 53 
illustrated that a significant pore removal happened in the sintered sample form the 16-63 μm 
powder for 0.5 h while the grain size remained about the same compared to 0 h, resulting in higher 
surface area ratio. Although relative density increased within prolonging the holding time, grain 
growth happened in the microstructure leading to the reduction of 𝑆𝑆𝑉𝑉𝑆𝑆𝑆𝑆. However, in the 16-25 μm 
and 53-63 μm powders, it was seen that the surface area ratio was increased as the holding time 
changed from 0 h to 12 h (see Figure 58h-i). 
The predicted evolutions of dimensionless parameters during densification in the simple 
geometric models have been previously determined by Nettleship et al. [158,182]. It was proposed 
that dimensionless parameters can be used to make direct comparisons of coarsening between 
densification models and experiments, independent of scale. Since Λ, ψ and Σ are independent of 
the length scale of the microstructure, they are unaffected by self-similar coarsening from the fixed 
microstructural geometry assumed in the models. ψ is better than Λ or Σ for final stage sintering 
evaluation due to the assumption that all pores are on grain boundaries in the definition of 𝜆𝜆𝐺𝐺. The 
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final stage sintering model commonly underestimates ψ, which can be explained by the fact that 
pores in the model are too small relative to the grains and therefore some grain edges and grain 
corners do not contain pores in the real materials.  
 
The total number of pore sections per unit area is plotted against solid area fraction and/or 
sintering time in Figure 60. It was found that the total number of pore sections per unit area, NA, 
of the samples sintered at 1240 ºC increased as the holding time increased from 0 h to 1h when 
solid volume fractions were less than 0.7. This is thought to be due to new neck formation during 
sintering shrinkage. On 2D sections this is characterized by the break-up of the elongated pore 
sections that did not affect the average pore intercept because of the elongated pore shape. This is 
observed on the optical micrographs (Figure 51) leading to an increase in NA. As the sintering 
temperature increased to 1270 ºC, an approximately linear decrease in NA was seen with increasing 
holding time and solid volume fraction through the intermediate stage of sintering. This is thought 
to be due to elimination of small pore sections. Finally, NA decreased significantly in the 16-63 μm 
powder in final stage sintering at 1280 ºC relative to the other powder size distributions due to 




Figure 60. Number of pore sections per unit area against relative density or sintering time for the BJ3DP from three 




Figure 61a-c illustrates the relationship between the volume strain rate and the grain size 
for BJ3DP parts prepared from three sifferent alloy 625 powders which sintered at 1240 °C, 1270 
°C and 1280 °C. For each powder size sintered at 1240 °C, the plot gave a grain size exponent of 
8.8, 7.12 and 14.35 for the 16-63 μm, 16-25 μm and 53-63 μm powders, respectively, which were 
all above any reasonable value (3-4) that could represent the effect of grain size on isothermal 
densification kinetics expected from the models of sintering. This might be attributed to the fact 
that the grain size was not increasing fast enough to fully explain the decrease in the densification 
rate during isothermal sintering observed in this study. As the temperature increased to 1270 °C, 
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a step can be seen in each fitted plot. At the shorter holding times (fittet line is labeled by ‘*’), the 
slopes were 3.56, 5.9 and 5.21 while with the prolonged holding time, they decreased to 2.63, 2.46 
and 3.34 (fittet line is labeled by ‘**’) for the 16-63 μm, 16-25 μm and 53-63 μm powders, 
respectively. If only one fitting line was applied at 1270 ºC, the exponents were significantly 
reduced. Finally, the grain size exponents of the samples sintered at 1280 °C were 4.02, 3.43 and 
3.83 for the 16-63 μm, 16-25 μm and 53-63 μm powders, respectively.  These values are much 
closer to those expected and suggest that the grain intercept more accurately represents the 
diffusion distance and how it evolves. An alternative explanation for the high measured grain size 
exponents of the samples sintered at 1240 °C compared with the higher sintering temperatures of 
1270 °C and 1280 °C can be related to the differences observed in microstructures and the grain 
growth behavior. 
Generally, the lower sintering temperature, 1240 °C, tends to result in a situation in which 
a significant number of the grain boundaries are retained; while rapid grain growth is observed at 
higher sintering temperatures and higer densities. In other words, the enhanced grain boundary 
mobility and/or the mobility of grain edges at higher sintering temperatures of 1270 °C and 1280 
°C can reduce the number of grains between pores, resulting in a greater proportion of the grain 
boundaries being directly inhibited by the pore phase. It is necessary to bear in mind that the use 
of grain size as a measure of average diffusion distance will be complicated by the spatial 
arrangement of the pores and grains, and this should be taken into consideration when interpreting 
the results of sintering experiments. Based on the kinetic models of sintering, the isothermal 
volume strain rate should have a power-law dependence on the grain size, the latter approximating 
the controlling diffusion distance. It has been predicted that the different sintering mechanisms 
have different grain size exponents, and typically, experimental measurement of the grain size 
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exponent have, in the past, been used to identify the sintering mechanism. A grain size exponent 
of 4 suggests that densification could be attributed to grain-boundary diffusion, while an exponent 
of 3 has been used to indicate that densification occurs by volume diffusion. It was found that the 
time exponent (n) is decreasing with the increase in sintering temperature. Besides, it was worth 
noting that although the grain size exponent was very high for the sintering temperature of 1240 
°C, there was still a strong correlation between the grain size and the volume strain rate suggesting 
a real but somewhat more complicated relationship. At 1280 °C, it was thought that the grain 
boundary diffusion was the dominant sintering mechanism for the 16-63 μm, 53-63 μm powders 






Figure 61. Plot of log volume strain rate against log inverse intercept length of grain intercept for the BJ3DP from 




The sintering process is a critical step in binder jet 3D printing technology (BJ3DP) since 
the densification of the green part.  Unlike compacted P/M parts, the green densities of binder jet 
3D printed parts are low, in the density range ~40-60%. Depending on the morphology, particle 
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size and powder size distribution, it is possible to improve green part density. Powder packing 
density is an important criteria in powder bed additive manufacturing processes in which the higher 
packing density can lead to less shrinkage in the final part. Consequently, lower sintering 
shrinkages would be expected to improve dimensional control and uniformity in part. Therefore, 
the use of powders with wide size distributions can be beneficial. The driving force of the sintering 
is primarily based on the reduction of surface energy of the BJ3DP part and the diffusional 
processes at the sintering temperature. Figure 62 illustrates the microstructural evolution of the 
printed parts through the three stages of the sintering process. Prior to sintering, the green part 
density of the BJ3DP specimens from the three types of alloy 625 powders were about 52%, 45% 
and 48% for the 16-63 μm, 16-25 μm and 53-63 μm powders, respectively. The differences in 
green density are due to differences in packing of the particles. The initial stage of sintering 
happens at lower temperatures. Initially, particles that are in contact form necks at the contact point 
through the diffusion processes of densification. Necks begin to form at the contact points between 
the adjacent particles without much dimensional change or porosity reduction. Generally, neck 
growth happens with increasing the sintering temperature or prolonging the holding time causing 
a linear shrinkage (dimensional changes) [93–95]. In this study, the 16-25 μm powder which gave 
the lowest green densities showed slightly higher linear shrinkage compared to the 16-63 μm and 
53-63 μm powders. It is worth noting that printing lines were seen at the cross section of the 16-
25 μm powder while no continuous lines of pores were found on the cross section of printed 
samples made from 16-63 μm and 53-63 μm powders. As the layer thickness during printing 
process is 100 μm, the chance of powder compaction using roller is higher for the 16-63 μm and 
53-63 μm powders. In fact, smaller powder particles have lower powder packing rate and therefore 
cause higher porosity in the powder bed.  
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Figure 62. Schematic of the green parts, initial, intermediate and final stage of sintering of the BJ3DP parts from three 
different powder sizes and distibutions of alloy 625. Red dash lines shown in green parts are indicative of the printed 
layers with 100 μm thickness. After sintering, samples experienced shrinkage. In the final stage of sintering, residual 
pores are displayed by red color. 
 
The particle size and particle size distribution are important parameters in BJ3DP affecting 
flowability of the powder particles during printing step. Lu et al. [38] used TiNiHf powder with 
different powder size distributions. They observed that large particles are preferred for binder 
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jetting due to its excellent flowability and low surface area; while, fine powder can spread as slurry 
due to high surface area and its propensity to easily absorb moisture leading agglomeration and 
less powder flowability. The packing of the particles and the consequent green density also effect 
the initial stage of sintering. The lower green density associated with the finer particles can lead to 
more spatially heterogeneous neck formation that extends initial stage sintering to higher density.  
Intermediate stage was more rapid at higher temperatures (1270 ºC and 1280 ºC) where the 
part experiences significant evolution in density as shown in Figure 62. During the intermediate 
stage further neck growth and pore filling will give pore sections that are more discontinuous on 
2D sections resulting in a mixture of elongated pore sections in the plane of the section and smaller 
more equiaxed pore sections derived from elongated pores that are oriented perpendicular to the 
plane of polish.  Notice that pore intercept analysis will be biased to directions perpendicular to 
the axis of elongated pore sections and so the pore shape results in pore intercepts that do not 
reflect the larger pore area of the larger elongated pores. While it is in general assumed that 
sintering at 1280 ºC was still fully in solid state, SEM micrographs suggest that a very small liquid 
film might have formed on powder particles, assisting and accelerating densification (see Figure 
63). 
As the density increases to ~92% the pores close and the microstructure enters final stage. 
The densification rate in this stage is much slower than the initial and intermediate stages. During 
this stage, elimination of the closed pores takes place to achieve final density. Throughout the final 
sintering stage, grain coarsening can be rapid.  Importantly the pore intercept remained constant 
for the two narrower particle size distributions but decreased for the samples made from the 
powder with wider particle size distribution. This was correlated with relatively high final density. 
However, it has been reported by Koseski et al. [47] on the injection molded 316L stainless steel 
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powder and Dourandish et al. [181] on the P/M Co-based alloy that pore coarsening may happen 
during final stage sintering. In fact, differences in the pore curvature can result in growth of the 
large pores at the expense of the smaller stable pores. Similar results on the pore coarsening of the 






Figure 63. SEM micrographs taken from the 16-63 µm powder sintered at 1280 °C for 4 h. A very small liquid film 





Here, we investigated the microstructural evolution during sintering of the binder jetted 
parts from three different sets of alloy 625 powders. Binder jet 3D printing parameters including 
layer thickness, binder saturation and drying time were kept constant to study the effect of particle 
size and powder size distribution on the kinetics of densification. The following conclusions are 
drawn: 
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1. During densification studies of parts sintered between 1225 °C and 1300 °C for 4 h, powder 
particle of the 16-25 μm showed higher linear shrinkage compared to the 16-63 μm and 53-63 
μm powders. Additionally, it was seen that as the sintering temperature increased to 1285 °C, 
linear shrinkage in z direction was higher than x and y directions in 16-25 μm. Similarly, 
densification was faster in the 16-25 μm powder up to 1270 °C but at the higher sintering 
temperature, the 16-63 μm powder showed higher densification rate.  
2. Densification kinetic studies showed that at 1240 °C, solid-state sintering was dominant in 
which the 16-25 μm powder had higher densification rate and linear shrinkage than the two 
other powders. As the sintering temperature increased to 1270 °C the microstructural 
observations showed that the 16-63 μm powder could reach a maximum density of ~99% after 
sintering for 8 h at 1280 °C while the 16-25 μm and 53-63 μm powders had pores even after 
sintering at 1280 °C for 12h. 
3. Stereological measurements including solid volume fraction, grain/pore intercept length, pore 
separation, surface area per unit volume, and number of pore sections per unit area were 
obtained from optical micrographs. Dramatic grain growth happened in all samples after 
sintering at 1280 °C for 12h. Additionally, pore intercept results showed that it was only 
possible to eliminate pores in the BJ3DP part from the 16-63 μm powder after sintering at 1280 
°C for 4 h or longer while pores removal was not achieved in two other powders. 
4. Dimensionless parameters such as intercept ratio (Λ), surface area ratio (ψ) and the mean pore 
spacing to mean grain intercept length ratio (Σ) were used to make direct comparisons of nature 
of the microstructural coarsening in the samples. Σ increased for the 16-63 μm powder sintered 
at 1280 °C for 1 h or longer, meaning that the pore separation grew faster than grains while no 
such change were seen for the 16-25 μm and 53-63 μm powders.. For the 16-63 μm powder, 
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the number of pore sections per unit area results indicated that the number of pores significantly 
decreased as the holding time increased to 1 h at 1280 ºC. Additionally, grain growth happened 
when prolonging the sintering time at 1280 °C. During the microstructural evolution in the 16-
63 μm powder, grain growth happened rapidly meaning that the solid/solid boundary decreased 
faster than solid/vapor boundary and therefore leading to the reduction in the ψ in the 16-63 
μm powder.  
5. The relationship between the volume strain rate and the grain size were measured for all 
samples sintered at three different temperatures. At low sintering temperature of 1240 °C, the 
exponent values were high and could be attributed to the fact that the grain size was not 
increasing fast enough to fully explain the decrease in the densification rate during isothermal 
sintering. This suggested that grain size was not an appropriate length-scale to represent the 
diffusion distance in real systems for the kinetic models of sintering. However, at 1270 °C and 
1280 °C, the exponent values were between 2 and 5 which could be more reasonably 




7.0  FUTURE WORK 
1. Densification study on the water atomized powder with different powder mean size and 
distribution spans. Besides, the effect of bi- or tri-modal powder size distribution on the 
densification behavior of alloy 625 can be of interest. Since production of water atomized 
powder is cheaper than gas atomized powder, it is worth studying the possibility of part 
production with ~ 99% density made from water atomized powder. A cyclic sintering profile 
is suggested so that the sintering temperature may reach to a high temperature of 1285 °C and 
then is cooled down to below solidus temperature. By doing so, densification may be assisted 
due to short term liquid phase formation followed by solid state sintering. 
2. Optimization of printing parameters such as layer thickness, binder saturation and drying time 
on the green density of BJ3DP parts from fine particles of gas atomized alloy 625. 
Additionally, densification kinetics, microstructural evolution and mechanical properties of the 
fully dense part from fine powder is of interest and needs to be compared with presented results 
in this study. 
3. Effect of surface finish on the fatigue behavior is a well-known aspect. In this research, as-
sintered and mechanically ground samples were tested and fatigue life was compared with the 
cast alloy 625. Other surface treatments such as sand blast, electrochemical etching and wire 
electrical discharge machining (EDM) can be applied on the samples and fatigue life can be 
evaluated.  
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4. There is limited information of the corrosion behavior of BJ3DP parts specifically alloy 625. 
High temperature corrosion in different corrosive environment and electrochemical behavior 
in various solutions of the BJ3DP alloy 625 parts may be of interest since this alloy has 
application in oil and petroleum, aerospace and in general harsh environments. Besides, high 
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